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Las políticas actuales llevadas a cabo por las instituciones públicas están centradas en reducir 
las emisiones de carbono generadas por todos los sectores de la sociedad, dentro de los cuales 
se encuentra la industria de la automoción. Para reducir las emisiones generadas por los 
vehículos, los fabricantes están centrados en aligerar el peso de los coches. Una forma de 
conseguirlo es mejorando las propiedades mecánicas de los aceros avanzados de alta 
resistencia (AHSS), para así reducir el peso total del coche. Para ello la industria del acero 
está buscando nuevas formas de procesado que satisfagan las necesidades de los 
consumidores a la vez que reducen las emisiones de gases de efecto invernadero. Entre los 
nuevos tratamientos térmicos que se están desarrollandopara la producción de AHSS destaca 
el conocido en inglés como “Ultrafast heating” (UFH). Este tipo de tratamiento se basa en 
la utilización de temperaturas de calentamiento muy superiores (> 100 ºC/s) a las 
convencionales (< 10 ºC/s), seguido de un corto periodo a máxima temperatura y un 
templado, reduciendo la duración total del tratamiento a unos pocos segundos. El acero 
resultante es de gran complejidad, donde la ferrita, martensita y austenita retenida formadas 
otorgan al material la combinación de propiedades mecánicas necesarias para su uso en los 
diferentes componentes estructurales. A pesar de las investigaciones llevadas a cabo por la 
comunidad científica en este campo es necesario entender aún mejor el papel que juegan 
todos los parámetros de procesado en la arquitectura microestructural y propiedades de los 
AHSS. Por otra parte, no existe todavía ningún trabajo donde se analicen las propiedades 
mecánicas de los microconstituyentes de manera individual y su efecto en las propiedades 
mecánicas generales. Por esta razón, el objetivo de la presente Tesis doctoral es entender en 
profundidad la relación entre los distintos parámetros de procesado con la microestructura y 
propiedades mecánicas resultantes. Este conocimiento permitirá desarrollar el concepto de 
diseño microestructural en aceros mediante el tratamiento UFH. En este trabajo se ha 
demostrado que se puede obtener una combinación óptima de resistencia y ductilidad a 
través del diseño microestructural, ya que tanto la fracción volumétrica y el tamaño de los 
diferentes microconstituyentes dependen en gran medida del tiempo de permanencia y 







The current regulations carried out by the public institutions are focused on reducing the 
carbon emissions from any sector of society, including the automotive industry. In order to 
reduce the emissions generated by vehicles, car manufactures are looking for new solutions 
to lighten car weight. One way to achieve this goal is by increasing the mechanical properties 
of Advanced high-strength steels (AHSS), widely used in structural components, reducing 
the total car weight. Steel industry is searching for new processing routes to satisfy customer 
demands, reducing, at the same time, the greenhouse emissions during manufacturing. 
Among the new thermal treatments where research is focused on, the Ultrafast heating 
(UFH) is receiving significant attention. This process is based on using higher heating rates 
(>> 100 ºC/s) instead of conventional ones (<10 º C/s), followed by a short soaking time at 
maximum temperature and subsequent quenching, thus reducing the duration of entire 
treatment to a few seconds. The resultant steel has a hierarchic multiphase microstructure, 
formed by ferrite, martensite and retained austenite with the desirable combination of 
mechanical properties required for the structural components. Despite the efforts made by 
the scientific community to understand the influence of high heating rates on microstructure 
and properties, the effect of other processing parameters on the microstructural architecture 
and properties has not been explored. There are no studies about the mechanical properties 
of the individual microconstituents and their effect on overall mechanical performance of 
these steels. Therefore, the main goal of this work is to gain fundamental understanding of 
the effect of soaking time and peak temperature on the microstructure and properties of UFH 
treated steels at macro- and micro-scales. This knowledge will allow to develop a concept 
for microstructural design via UFH treatment to achieve enhanced combination of 
mechanical and functional properties in steels. This work demonstrates that an optimal 
combination of mechanical strength and tensile ductility can be reached in the UFH treated 
steels via microstructural design, since volume fraction and size of individual 
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 Advanced high strength steels (AHSS): historical 
evolution 
Steels have been the most widely used materials all over the world and are likely to remain 
a key material of choice in construction and manufacturing. Its manufacturing process 
consists of different steps, where the heat treatment of (semi-)final product (in form of sheet, 
rod, wire, etc.) to a great extent determines its microstructure and, hence, its properties. The 
current approach for steel heat treatment is based on homogenization of microstructure at 
elevated temperatures (either at austenitic or intercritical temperatures) and cooling with 
controlled rate often followed by further treatment to form the required microstructure. This 
is a standard approach for processing advanced high strength steels (AHSS) [1]. As a result 
of the well-controlled process, this group of steels typically shows a multiphase 
microstructure. The AHSS were developed by a consortium of the major sheet-steel 
producers in 1994, under the project Ultra-Light Steel Auto Body (ULSAB), in order to 
fulfill the demands of weight saving in automotive components. Depending on the 
microstructure formed and, hence, their properties, AHSS can be divided into different 
families. The so-called first generation of AHSS appeared in the late 90s of the last century. 
They present a good combination of strength and ductility and are characterized by the use 
of low amount of alloying elements which facilitates their processing, reducing the cost of 
the product. This first generation typically shows a yield strength (YS) above 300 MPa, an 
ultimate tensile strength (UTS) higher than 600 MPa and a reasonable high formability. 
Different families of steels lay into the first generation: dual phase (DP) steel mainly 
combines the formability of the ferrite and the strengthening effect of the martensite [2]; the 
transformation induced plasticity (TRIP) steel composed by ferrite, martensite and retained 




austenite (RA), which transforms into martensite during deformation, increasing the strain 
hardening [3], or the complex phase (CP) steel, where martensite is partially substituted by 
bainite to increase the formability [4]. However, due to the improvement of security 
standards in vehicles over the years, their mechanical performance was not sufficient for 
certain applications, becoming their main drawback. To overcome this problem, at the 
beginning of the XXI century a series of austenitic steels were developed. They are known 
as the second generation of AHSS. They presented a unique combination of properties, with 
a UTS in the 800 - 1100 MPa range and a uniform elongation (UE) superior to 50 %. They 
are the highly Mn alloyed twinning induced plasticity (TWIP) steels. Due to their 
outstanding mechanical properties, they were very attractive from the engineering point of 
view. Nevertheless, their development has slowed down because of the high content of 
alloying elements (> 20 %), which increases the price, and difficulty of their processing, 
hindering their incorporation into industrial routes [5]. 
On the other hand, due to the actual situation where global warming has become a real 
problem, it is fundamental to find solutions in any sphere of society to reduce greenhouse 
emissions. This also includes industry in general, and the steel and automotive sectors in 
particular. In the first case, for example, the optimum heat treatments may last for hours, 
consuming significant amounts of energy. Hence, the steel industry is currently the second 
highest energy consumer in the world (51.086 ktoe, 18.59 % of total industrial energy 
consumption only in EU) and one of the biggest industrial emitters of CO2, accounting for 
between 4% and 7% of anthropogenic CO2 emissions worldwide [6].  
In the second case, according to the European Commission, transport, which includes 
aviation, navigation, railways and road transport, is the source of almost 25 % of the 
emission of greenhouse gases. Nevertheless, road transport is, by far, the major contributor 
with more than the 70 %. It means that nearly 21 % of the total CO2 emissions generated in 
EU come from vehicles [7]. Hence, the steel and automotive industries are nowadays 
challenged by carbon emission restrictions imposed by regulatory bodies. 
In the steel industry, the energy consumption has been constantly reduced by introducing 
energy-saving equipment in steel manufacturing processes and improving the efficiency of 
energy conversion facilities, such as power plants. A potential solution to decrease the CO2, 
emissions produced by vehicles is reducing the total weight of the car, without 
compromising the passengers’ safety. It is known that a 10 % weight reduction produces a 





130 g/km in 2013 to 95 g/km, the target established by EU for passenger cars for 2021 [8]. 
In order to do so, the mechanical properties of the car components should be improved. In 
the latter case, the steel industry can also play a key role as it is intimately related to the 
automotive one, as steel is, in weight, the main material used for car components [9]. 
Therefore, both sectors are working together continuously, to look for new solutions to fulfill 
the current society demands. 
Nowadays, the research community is making efforts in order to develop the new generation 
of AHSS: the so-called third generation. This family of new materials shows superior 
mechanical properties to bridge the gap between the first and second generations of steel, 
being closer to the TWIP steels, but using less amount of alloying elements to facilitate its 
processing and recycling, reducing at the same time its cost and weight. Quenching and 
Paritioning (Q&P) steels are one of the main examples which belongs to the third 
generation. They have been intensively studied by the steel community showing promising 
results [10–14]. Furthermore, in order to reduce the amount of energy required and the 
greenhouse emissions, the manufacturing of this new generation of AHSS needs to be based 
on the application of new and more efficient processing methods, such as the rapid 
treatments. 
 
 Ultrafast heating as an advanced route for processing 
AHSS 
Steels with an excellent combination of strength and ductility can be produced via intelligent 
microstructural design, modifying either the chemical composition or the different 
processing parameters to achieve a variable amount of phases. It is known that increase in 
strength and ductility can be generated by introducing alloying elements, as in the TWIP 
steels. However, producing highly alloyed steels is not a durable approach, due to the 
problems associated (price, weight, recyclability…). The other possibility to enhance the 
mechanical behavior is via grain refinement. Over the last decades, new strategies for grain 
refinement have been explored, such as thermomechanical controlled process (TMCP) 
which combines thermomechanical rolling with accelerated cooling, asymmetric rolling 
combined with inter stand cooling and severe plastic deformation. In the steel field, a new 




method for microstructural design has attracted a lot of attention over the last years: the rapid 
treatments. 
The application of high heating rates for steel processing is not a new topic, as it has been 
contemplated through decades [15–17], although in a sporadic manner, without the existence 
of a thorough study. In fact, there is not an established criterion in literature to distinguish 
between conventional and high heating rates. However, the most extended classification 
among the research community considers heating rates in the range between 1 ºC/s to 20 
ºC/s as conventional ones, while high heating rates lie within the range of 20 – 100 ºC/s. 
Finally, ultrafast heating rates are referred to those above 100 ºC/s. The last group has been 
examined in the last decades, since Flash® Bainite developed the most promising set up for 
industrial applications (Figure 1.1). With this tool, Lolla et. al. [18] proposed to apply 
ultrafast heat treatment for processing of AHSS with microstructures as heterogeneous as 
those processed via conventional heat treatments. This treatment was initially referred to as 
‘flash processing’ [18], and other terms such as ‘ultrashort annealing’ [19] and ‘ultrafast 
heating (UFH)’ [20–23] are widely used for this process in the recent literature. Ultrafast 
heat treatment is based on heating the material with heating rates above 100 ºC/s to an 
intercritical or fully austenitic temperature, followed by a very short soaking (0.2–10 s) at 
this temperature and quenching. It attracted the attention of the steel research community 
due to several advantages. Due to the high heating rates applied, the time required for thermal 
treatment of steels is dramatically reduced, from hours to seconds. Moreover, as the whole 
process lasts just a few seconds, it is also characterized by a significant reduction in energy 
consumption, reducing also the environmental impact due to the a lower carbon emission 






Figure 1.1: Experimental set-up for the UFH processing developed by FlashBainite [24]. 
 
 Microstructural design in steels via UFH 
 Influence of heating rate on microstructure & properties 
Next sections provide an overview of UFH and the effect of the heating rate on both 
microstructure and mechanical properties 
1.3.1.1. Phase composition and grain structure 
1.3.1.1.1. Role of chemical composition 
As in any heat treatment applied in the steel industry, the chemical composition of the steel 
is one of the elemental aspects to take into account in order to reach the required final 
microstructure and mechanical properties of the final product. It gains even more importance 
during ultrafast heating, as the material is far from the equilibrium conditions. Thus, the 
study of the effect of the main alloying elements is vital to gain fundamental understanding 
of this process. In [25], Huang et al. investigated two steels cold rolled with 50 % reduction 
ratio having different chemical compositions: one suitable for DP treatment (Fe-C-Mn-Mo) 




and the other composition typical for TRIP treatment (Fe-C-Mn-Si). Authors observed that, 
when 100 ºC/s heating rate was applied to the DP steel, austenite formation started when 90 
% of the ferritic matrix was not recrystallized, whereas in the TRIP steel, the onset of 
austenite formation took place in a fully recrystallized ferritic matrix. This difference in the 
steel behavior was attributed to the alloying elements, as the presence of Mo retarded the 
ferrite recrystallization shifting down the AC1, while the presence of Si raised the AC1, 
affecting the formation of austenite [25]. In their study, they also calculated the heating rate 
required to have an overlap between recrystallization and austenite formation for the TRIP 
steel, being above 1000 ºC/s. Moreover, the effect of other micro alloying elements, such as 
Ti and Nb, was noticed to have a strong influence on the grain size reduction as well. For 
instance, Lesch et al. [26] reported that under similar annealing conditions, ISO composition 
(C – Mn – Ti) present a coarser grain size compared to HSLA (C – Mn – Nb – Ti), where 
the main difference between both steels was the amount of both alloying elements. This 
difference was caused by the interaction of substitutional atoms with recrystallization and 
transformation during annealing, resulting in a refined microstructure mentioned. Militzer et 
al. [27] studied three different DP steels, where the carbon content was 0.06, 0.12 and 0.17 
%, with a varying Mn content between 1.8 – 0.74 %. The materials were subjected to similar 
treatments, with heating rates between 100 to 300 ºC/s, in order to generate similar 
microstructures. They reported that mechanical strength of the heat treated steels increased 
with increasing carbon content, whereas Mn had detrimental effect on their ductility. 
Particularly, the steel with the lowest % C, and highest Mn content, showed the lowest tensile 
ductility because of the banded microstructure related to Mn segregation bands [27]. 
Furthermore, Mn also played an important role in the resultant microconstituents formed 
after rapid treatments, such as bainite or martensite. Mn delays the kinetics of the austenite 
to ferrite transformation, which is mainly attributed to the segregation at the grain boundaries 
producing a strong solute drag effect [28]. As a result, non-equlibrium phases can be 
generated during cooling [29,30]. Similar results were presented in [31], where the mixture 
of phases found after heating a steel at 300 ºC/s and quenching were attributed to the 
gradients in carbon and other substitutional alloying elements. For instance, it was known 
that the carbon content in martensite formed in steels processed on large-scale (i.e. under 
industrial conditions) was heterogeneous, and the variations were highest at intercritical 






1.3.1.1.2. Effect of heating rate on the recrystallization 
temperature in matrix 
In addition to the chemical composition, it is also important to consider how the application 
of rapid treatments alter other characteristics of the material, such as the recrystallization 
temperature. This effect was widely studied by several research groups. In 2001, Ferry [33] 
and Muljono [34] clearly demonstrated for steels with various chemical compositions and 
different carbon contents, that an increment on the heating rate shifted both, the 
recrystallization starting temperature and the temperature for complete recrystallization, to 
higher values, although the finish temperature seemed to be more affected (Figure 1.2). 
Similar results were reported by Massardier et al. in [35], where they observed an increase 
by 60 ºC in recrystallization temperature, when the heating rate was increased from 20 to 
1000 ºC/s. In [36], Bandi and co-workers observed a reduction of the recrystallized ferrite 
fraction before the onset of austenite formation with increasing heating rate. This effect was 
seen even when soaking times (1 – 900 s) at maximum temperature were applied. The latter 
scenario was demonstrated by Xu et al. in [37], where a DP steel subjected to two different 
heating rates (5 and 500 ºC/s) and holding time equal to 80 s at peak temperature, increased 
its recrystallization temperature from 680 ºC to 740 ºC, thus delaying recovery and 
recrystallization above the AC1 temperature. This effect was rationalized based on much 
shorter time available for strain-free grains to nucleate and grow at high heating rates. Even 
slower heating rates (50 ºC/s to 300 ºC/s) were sufficient to alter the microstructure during 
reheating compared to low heating rates. In [38], Liu et al. carried out a dilatometry study 
on a cold rolled microstructure with various heating rates (0.5, 5, 50 and 300 ºC/s). They 
noted that for slow heating rates, spheroidization of the pearlite and a recrystallization of 
ferrite at 690 ºC took place before the austenite formation. The ferrite recrystallized fraction 
was already reduced at 50 ºC/s, and after heating at 300 ºC/s there were almost no changes 
in the microstructure compared to the initial one. As a result, the hardness dramatically 
decreased to nearly the half of the initial value, from ~ 320 HV at 490 ºC to ~ 175 HV at 690 
ºC, when 0.5 ºC/s heating was used, while at 300 ºC/s it remained constant. After raising the 
temperature above the AC1, to 745 ºC, at 5 ºC/s the recrystallized ferrite fraction was around 
85 %, whereas at 50 ºC/s it decreased down to 63 %, being only 10 % at 300 ºC/s. The reason 
claimed by authors to explain this effect was that, the stored energy of the deformed structure 
was consumed by austenite formation with the increase of heating rate, reducing the driving 




force for recrystallization. Hence, the window for recrystallization to be completed becomes 
larger with heating rate, as reported elsewhere [39].  
The first work carried out in this PhD Thesis was to analyze the influence of heating rate on 
the recrystallization process of the ferritic matrix and its effect on the mechanical response 
of the individual microconstituents (such as recrystallized and non-recrystallized ferrite). 
This work is included in section 4.1, corresponding to the paper titled “Effect of ultrafast 
heating on the properties of the microconstituents in a low-carbon steel” by Valdes-
Tabernero et al. published in Metallurgical and Materials Transactions A 49 (2018) 3145-
3150. In this study, a low carbon steel is subjected to a heat treatment with ultrafast heating 
rates (800 ºC/s) and conventional heating rates (10 ºC/s) without soaking time. The resultant 
microstructures and mechanical properties of the individual microconstituents formed are 
analyzed and compared. 
 
 
Figure 1.2: Dependence of recrystallization starting temperature (T0.1) (open symbols) and finish 






1.3.1.1.3. Influence of UFH on the phase transformation 
temperatures 
Other characteristics that can be modified by the application of high heating rates in steels 
with the same chemical composition are the phase transformation temperatures: austenite 
start temperature AC1 and finish temperature AC3. In [40], it was reported that the higher the 
heating rate, the higher the AC3 and, in a minor way, the AC1. This effect was rationalized 
based on the delay of austenite nucleation. Nucleation is a process that requires time to be 
accomplished, and when the heating rate is accelerated, the onset of austenite formation 
occurs at higher temperatures [31]. However, if the microstructure is severely deformed prior 
to heat treatment using high heating rate (i.e. cold rolling), non-recrystallized grains, 
fragmented pearlite and / or spheroidized carbides remain in the structure, being suitable 
places for austenite nucleation. Hence, the increment of austenite nucleation sites can 
compensate in some way the increase in AC1 temperature caused by the increase in heating 
rate. Nevertheless, Li et al. [39] observed in their work focused on a cold rolled DP steel the 
increment of both, AC1 and AC3 with heating rate from 725 ºC to 750 ºC  and 865 to 920 ºC, 
respectively, when heating rates was raised from 5 ºC/s to 500 ºC/s. Furthermore, in [41] 
authors reported an increase in AC1 from 731 ºC to 758 ºC in a Nb - modified steel when 
heating rate was increased from 0.3 ºC/s to 693 ºC/s. Moreover, Karmakar et al. [42] 
described an increase by 25 ºC – 35 ºC in AC1 and 41 ºC – 51 ºC in AC3 when heating rate 
increased from 1 ºC/s to 300 ºC/s for various initial microstructures. Therefore, the effect of 
heating rate on the transformation temperatures is strongly affected by the chemical 
composition and the initial structure of the steel. 
 
1.3.1.1.4. Austenite nucleation and grain growth 
It is well established in the current literature that, if steel is subjected to intercritical 
annealing, the amount of austenite (martensite upon quenching) increases with heating rate 
for a given intercritical temperature [25,38,39,43–45]. This is related with the promotion of 
austenite nucleation during high heating rates, whereas at slow heating, the austenite growth 
is the dominant process. Austenite tends to form in high energy regions, carbon enriched 
areas and at lattice defects, including distorted ferrite grain boundaries (in the non-
recrystallized zones) or interface between ferrite and cementite particles. Therefore, if slow 
heating rates are applied, ferrite has time to recrystallize and grow, reducing the grain 




boundary area, thus, decreasing the density of favorable places for austenite to nucleate, as 
it was shown in [44]. In cold rolled microstructure formed by ferrite and pearlite, slow 
heating produces spheroidization of the pearlitic colonies, which also reduces the possibility 
for austenite to form [25,38]. Hence, only a few nuclei will be able to form at the ferrite grain 
boundaries and ferrite / cementite interface, as austenite nucleation rate can be between 3 to 
8 times faster at ferrite grain boundaries than in the grain interior [44], resulting in the growth 
of the few austenitic grains formed. On the other hand, at high heating rates, ferrite remains 
in a non-recrystallized state when austenite formation takes places, which, in turn, reduces 
the ferrite grain size, thus, increasing the grain boundary area. Therefore, austenite 
nucleation rate is enhanced due to the high amount of the energetically favorable sites. 
Moreover, in cold rolled steels, austenite forms at the ferrite-pearlite interface, which 
remains from the initial microstructure, as it was reported by Huang et al. [25] and Liu et al. 
[38] for steels heated at 100 ºC/s and 300 ºC/s, respectively. Therefore, austenite nucleation 
is promoted rather than its growth. This has effect on the spatial distribution of the phases in 
DP steels, as at low heating rates, the austenite is distributed in a more homogeneous manner, 
while at high heating rates a banded microstructure is predominant (Figure 1.3) [39]. This 
is caused because austenite grows consuming the elongated colonies in first place, as carbon 
needs to travel a short distance [25,39,40]. Moreover, fast reheating (300 ºC/s) leads to the 
formation of carbon gradients in the austenite, as it was described by Li et al. [46], where 
they observed a maximum carbon concentration at the boundary which decreases in the 
interior of the grain. Authors claimed that this effect could be produced by a two-stage 
growth of the austenite. In the first stage, austenite nucleates consuming the cementite which 
has a high carbon concentration. This effect is controlled by the diffusion of carbon into the 
austenite being a fast process. However, it generates an austenite supersaturated in carbon. 
Therefore, in the second step, austenite grows into the surrounding ferrite to reach 
equilibrium. In the interface, the carbon concentration should be in balance, generating the 
gradient through the austenite grain. In addition to the carbon gradients, the percentage of 
retained austenite may be greater than at conventional heating rates as a consequence of the 
finer grain size. This is caused by the high amount of nuclei, which compete to grow, and 
the lack of time for carbon to diffuse, reducing its travelling distance and, hence avoiding 
the austenite growth [37]. Moreover, the retained austenite present in the material has 
different morphologies, being the film-like the predominant one, whereas at slow heating 
rates, the austenite is mainly of blocky type, which has lower stability because of their lack 





martensite at the onset of deformation [45,48]. Liu et al. mentioned in [45] that, in addition 
to the difference in morphology, high heating rates lead to the formation of austenite with 
higher hardenability than the one formed at conventional rates, because of its finer size and 
its higher carbon content. This increase in hardenability retards, in turn, the bainite 
transformation during the partitioning process, retaining more martensite/austenite islands, 
enhancing the ductility of the material. 
 
Figure 1.3: Representation of the microstructural evolution in a cold-rolled DP steel for various 
heating rates [39]. 
 
One of the most important benefits of the application of high heating rates in steel processing 
is the significant grain refinement, which has important effect on the final behavior of the 
material. Ferry et al. [33] clearly demonstrated that increasing the heating rate decreased the 
mean grain size for steels with different carbon contents, as it is shown in Figure 1.4. It can 
be observed that the grain size decreases constantly, although for the steel with the lower 
carbon content, the diminution is more pronounced reducing the grain size from 20 µm to 
12 µm when heating rate increases from 50 ºC/s to 1000 ºC/s. Massardier et al. [35] also 
reported a grain size reduction from 5.8 to 3.8 µm, when heating rate passed from 20 to 1000 
ºC/s. Austenite grain size is also affected by the high heating rates, as it was reported in [49], 
where authors showed a reduction in grain size for various initial microstructures when 
heating rate was increased by two orders of magnitude, from 1 ºC/s to 100 ºC/s. Even below 




100 ºC/s the grain refinement was observed in a Nb - added steel, when reheating was carried 
out from 0.5 ºC/s to 50 ºC/s producing a grain size reduction from 5 µm to 1 µm [50]. An 
interesting idea was proposed by Reis et al.  in [51]. They reported a grain size reduction 
from 20 µm to 6 µm when 1000 ºC/s heating rate was applied in a fully recrystallized 
structure. The difference with the results reported by Ferry [33], where the minimum grain 
size was 12 µm for 1000 ºC/s, was attributed to the difference in rolling reduction ratio, 
passing from 75 % in [33] to 95 % in [51] and the variation in chemical composition. Reis 
[51] studied a material alloyed with Ti (0.044%), whereas in [33] the Ti content was 0.005 
%. The reasons behind the significant grain refinement produced by high heating rates are 
related to the energy of the system. On the one hand, at high heating rates the time available 
for recovery is reduced, thus the dislocation density is high, increasing the energy for the 
nucleation process. On the other hand, as it is mentioned above, the recrystallization 
temperature is shifted to higher values with heating rate. Hence, the higher the temperature, 
the higher the nucleation rate, as the latter directly depends on the former. Therefore, both 
effects raise the nucleation rate of the system. And finally, due to the short time of the 
treatment, the nuclei generated are not able to grow, producing refined microstructure 
[33,34,52]. Reis also observed that with further increasing heating rate above 1000 ºC/s, the 
grain size remained stable. This effect can be explained because the grain refining tendency 
may be compensated by the increased average growth rate of the recrystallization nuclei as 
the growth stage of recrystallization was delayed to higher temperatures as a result of the 
rapid annealing cycle [51]. Additionally, authors [51] reported that in the fully austenitic 
region, for 300 ºC/s heating rate, the grain growth at 20 µm/s, while for heating rates of 10 
ºC/s, the grain growth was produced in a slower manner, at 2.7 µm/s. This effect is justified 
by a heterogeneous nucleation phenomenon. As the α to γ transformation starts in the carbon-
rich sites of the parent phase microstructure, it is reasonable to assume that the regions in 







Figure 1.4: Effect of heating rate on grain size for 0.003 %C, 0.02 %C, and 0.05 %C steels [33]. 
 
1.3.1.2. Crystallographic texture 
The effect of various heating rates on crystallographic texture was extensively recorded for 
different groups of steels [52–56]. For instance, Kestens et al. [52] observed fully 
recrystallized structures in interstitial free (IF) steels just before the onset of austenite 
formation, and texture was not affected by heating rate even for short soaking times (0.3 s). 
The structure developed presented maximum intensity in the ND fiber // {111}‹uvw›, 
showing a similar behavior as conventionally treated steels. Similar results were shown by 
Senuma in [56]. Furthermore, when temperature was raised above the onset of austenite 
formation, the material demonstrated a strong memory effect, due to the increase in the ND 
fiber intensity, in contrast to the expected randomizing effect of a double phase 
transformation these textures were even slightly stronger than the recrystallization ones [52]. 
Moreover, texture analysis were performed in the cold rolled TRIP steels [19,57]. BCC cold 
rolled structure is characterized by a strong ND – RD fiber with a convex curvature. After 
slow heating (10 ºC/s and 50 ºC/s), the developed texture showed a typical recrystallized 
structure with an intense ND fiber but with a concave curvature and weak or even vanished 
RD fiber [20]. This effect was observed during the application of high heating rates prior 
Q&P treatment (Figure 1.5) [58]. This is caused by the great amount of energy stored by the 
ND grains compared to the RD ones, presenting more driving force for recrystallization 




[59,60]. Thus, at low heating rates, ND grains are the first which nucleate and grow 
consuming the RD ones, which present less driving force to recrystallize. On the other hand, 
at high heating rates (3000 ºC/s), the BCC cold rolling texture features are kept. Due to the 
short time given for recovery and recrystallization, ND components have less time to grow 
to consume the RD grains. Therefore, alpha components only undergo recovery being 
present in the structure or even growing in size, which, in turn, increases the RD fiber 
intensity [21]. This effect was observed at temperatures close to 930 ºC, indicating that 
microstructure recrystallization was not completed [20]. In addition to the increase in 
intensity in the ND fiber components, as it happens in ultra-low carbon steels, due to both, 
recrystallization and memory effect, high heating rates lead to the formation of non-
conventional products in TRIP steels [61]. These components appear right after the austenite 
formation. Authors claimed that the appearance of this texture elements was mainly caused 
by the dissolution of carbides in preferential orientations, which, in turn, favored the 






Figure 1.5: Orientation distribution function at a cross-section of φ2 = 45º of (a) cold rolled and 




1.3.1.3.1. Basic macromechanical properties 
One of the main advantages of the application of high heating rates in the steel processing is 
the improvement of the mechanical properties, being crucial for the automotive sector. 
Numerous studies reported a better mechanical strength without a significant reduction in 
ductility in the UFH processed steels compared to the conventionally processed ones 
[18,21,26,35,46,62,63]. In [64], Meng et al. reported an increase of 6.6 % in the tensile 
strength along with an improvement of 26.6 % in total elongation of a DP590 steel due to 
the increased heating rate from 5 ºC/s to 500 ºC/s. The high mechanical properties were 
attributed to the ferrite grain refinement and the change in martensite structure, from a 
coarser lath-like at low heating rates to a fine fiber-like at 500 ºC/s. This is in a good 
agreement with the work carried out by Lesch et al. in [26], where they achieved a significant 




grain refinement in various steel grades (HSLA, C-Mn), leading to remarkable increase in 
strength by about 130 MPa, with a reduction of ductility around 4 %. In [42], the use of rapid 
heating (300 ºC/s) drove to a better combination of strength and ductility compared to slow 
heating rates (1 ºC/s), being the increase in strength between ~200 to 250 MPa and in 
ductility by ~2 to 6 % for the various microstructures studied. They also attributed this effect 
to the finest ferritic grain size achieved and the uniform distribution of martensitic islands. 
Massardier an co-workers [35] studied the effect of the processing parameters on a low 
carbon steel on the tensile properties at various angles (0 º – 45 º – 90 º) with respect to the 
rolling direction. During the conventional heat treatment, the material was heated at 20 ºC/s 
to 720 ºC with a holding time equal to 30 s and a cooling rate of 25 ºC/s, while in the rapid 
cycle (1000 ºC/s), the peak temperature was 920 ºC, soaking time 1 s and cooling rate 250 
ºC/s. These parameters resulted in 80 % of austenite fraction in both cases. High heating 
rates led to enhanced strength in all conditions studied, mainly attributed to the grain 
refinement. Moreover, the elongation was also improved because the initial iron carbides 
were dissolved during heating, precipitating in a finer state during cooling compared to the 
ones formed during the conventional treatment. In [21], Castro Cerda et al. compared the 
effect of heating rate for a low carbon steel with two different initial microstructures: one 
was formed by ferrite and pearlite after 50 % cold rolling (50 % F+P) and the other by 50 % 
of ferrite and martensite (50 % M). For both microstructures, the UTS significantly increased 
with increasing heating rate from 10 ºC/s to 800 ºC/s (Figure 1.6 a), being more pronounced 
in the 50 % M where an increment of ~ 200 MPa was reported. The elongation to failure 
also showed a marked increment. In the 50 % F + P case, it increased from ~ 12 % to ~ 31 
%, while for the 50 % M counterpart, from ~ 6 % to ~ 20 % (Figure 1.6 b). This increase in 
strength was associated with a high amount of martensite formed during high heating rates 
and the reduction of the ferritic grain size, while the enhanced elongation was provoked by 








Figure 1.6: a) UTS and b) elongation to fracture values vs heating rate. Peak temperature and 
soaking time are 860 ºC and 1.5 s, respectively [21]. 
Some authors also reported an increase in the strain hardening ability at the early stages of 
deformation associated with the rapid treatments in comparison with the conventional 
heating rates applied [37,63]. In [63], authors claimed that the main reason for this 
improvement was the ferrite grain refinement produced by high heating rate (300 ºC/s) 
compared to conventional heating rate (5 ºC/s). Moreover, the volume expansion, which 
occurs during austenite to martensite transformation upon cooling, needs to be 
accommodated by the surrounding ferrite, thus, increasing its dislocation density, hindering 
its plastic deformation (Figure 1.7). At the later stages of deformation, martensite governs 
the behavior in both cases being the difference negligible. 
 
 
Figure 1.7: TEM images showing dislocations in ferrite associated with the formation of 
martensite during a) conventional annealing and b) rapid annealing [63]. 
 




The efficiency of applying high heating rates in combination with other thermal treatments, 
such as Q&P was also proved in [45,47,58]. Liu et al. [45] analyzed the effect of two 
different heating rates (5 ºC/s and 300 ºC/s) during the Q&P treatment for various peak 
temperatures and soaking times. Due to the grain refinement and the large martensite volume 
fraction, the fast heating leads to a higher YS compared to the slow one. However, absence 
of soaking or annealing at lower temperatures results in a YS reduction in both conditions, 
mainly caused by the softening of the ferrite matrix through recrystallization. On the 
contrary, increasing both soaking time and peak temperature increases significantly the yield 
strength, because of the higher martensite volume fraction. De Knijf et al. [58] also studied 
the influence of heating rate on the microstructure and properties on Q&P, but in this case 
prior to treatment. It was observed that the rapid heating before traditional Q&P treatment 
enhanced both strength and ductility significantly being more pronounced after high heating 
rates, 1000 ºC/s (Figure 1.8 a). The study of the fracture surface revealed that after 
conventional Q&P treatment (10 ºC/s) with and without soaking, the fracture mode was 
quasi-cleavage formed by dimples and cleavage facets, being the former caused by the 
plastic deformation accommodated by RA, while the latter by the presence of high C 
martensite (Figure 1.8 b & c). Nevertheless, the use of high heating rates modified the 
fracture behavior to a ductile mode, where fracture surface consisted mainly of dimples 
(Figure 1.8 d & e). The transition from a quasi-cleavage to a ductile fracture mode was 
associated with the reduction of grain size in both, austenite and martensite. Moreover, due 
to the short time of the processing, there were undissolved carbides in the microstructure 
and, therefore, the tempered martensite formed present a low C content and, finally, some 
recrystallized ferrite appears as a consequence of shifting transition temperatures (AC1 and 






Figure 1.8: a) Tensile test curves on 25 mm sub-size samples of steel 0.25%C–1.5%Si–3%Mn 
after applying high heating rates followed by Q&P treatment; Fracture surfaces of tensile test 
samples after conventional Q&P heat treatment b) and after heating at c) 10 ºC/s, d) 500 ºC/s and d) 
1000 ºC/s [58]. 
 
1.3.1.3.2. Properties of individual microconstituents 
The main body of research focuses entirely on macro-mechanical properties of the UFH 
processed steels. However, the AHSS are complex steels formed by various phases. It is 
well-known that macro-mechanical response of the multi-phase materials is determined by 
morphology, architecture and properties of the individual microconstituents [1]. The latter 




depend, in turn, on their internal lattice structure (i.e. defect density) [65], which are greatly 
affected by the processing parameters. In order to study mechanical behavior of individual 
microconstituents, nanoindentation technique needs to be employed. It has been largely used 
for different steels to characterize the materials behavior at micro-scale, being a reliable 
method. For instance, in [66,67], Ohmura et al. studied the dependence of the matrix strength 
with the tempering temperature for various Fe-C binary systems with a martensitic matrix. 
A matrix softening was observed for all conditions, when tempering temperature increased, 
due to the reduction in the dislocation density. Mazaheri et al. reported that ferrite 
nanohardness was significantly lower than that measured in martensite in DP steels [68]. 
However, nanohardnes values in both microconstituents were affected by the processing 
route, decreasing with increasing intercritcal holding time. Authors claimed that variations 
of ferrite grain size and martensite carbon content with intercritical holding as main reasons 
for decrease in hardness. Moreover, the martensite to ferrite hardness ratio greatly affects 
the macro-mechanical properties of the system, as the higher the ratio, the higher the strength 
of the material. Yielding is directly linked to the soft phase present in the microstructure, in 
this case ferrite. However, martensite introduces additional dislocations due to the volume 
expansion produced by its transformation, hardening the ferrite. The maximum strength is 
related to the volume fraction of the hard phase. On the other hand, the greater the difference 
in nanohardness between phases, the lower the ductility of the system, as there is higher 
strain localization at the interfaces [68]. Similar results were reported in [69]. In [70], authors 
carried out an investigation on commercial DP steels. Their outcomes clearly denoted a 
significant dispersion on the hardness results for both, ferrite and martensite, caused by the 
difference in dislocation density within grains, the inhomogeneous distribution of alloying 
elements in the interior of grains and/or the effect of the microstructure present underneath 
the grain tested. Nanoindentation studies were also performed on TRIP steels to analyze the 
mechanical response of the different phases. Furnémont and coworkers analyzed the effect 
of the chemical composition on two different steels [71]. It was shown that ferrite and 
martensite were the softest and hardest phase, respectively, independently on the alloying 
elements. The hardness of the ferritic matrix increased with the silicon content due to the 
solid-solution strengthening. Martensite presented the highest nanohardness values because 
of the high carbon content (~ 0.6–1 wt. %), as it is known that martensite hardness strongly 
depends on the carbon content [72], as it distorts the lattice introducing high dislocation 
density [71]. He et al. [73] studied the mechanical stability of different phases, mainly 





higher nanohardness than ferrite, although the possible austenite to martensite 
transformation should be taken into account in the analysis of the results. Nonetheless, it was 
observed a much greater dispersion of the nanohardness values on RA compared to ferrite, 
caused by different mechanical stabilities of the austenitic grains, which was greatly affected 
by its Mn content, as Mn enriched austenite requires high loads to transform into martensite. 
Even in third generation steels, such as Q&P, nanoindentation was used to characterize the 
internal structure of the material [14]. It was demonstrated that during the partitioning step 
carbon diffuses from martensite into austenite, hardening the latter phase due to solid 
solution. 
Nevertheless, up to date there have been no systematic studies on the properties of the 
individual microconstituents in the UFH processed steels. Understanding the effect of the 
UFH parameters on the properties of individual microconstituents and their effect on the 
overall mechanical performance of UFH steels could provide the research community with 
a valuable tool for the microstructural design in AHSS using ultrafast heating. In this PhD 
thesis, the effect of different processing parameters, such as heating rate and soaking time, 
on the properties of the individual microconstituents formed after ultrafast heating as well 
as of the bulk material was thoroughly studied. This work is included in section 4.3 
corresponding to the paper titled “The effect of soaking time after ultrafast heating on the 
microstructure and mechanical behavior of a low carbon steel” by Valdes-Tabernero et al. 
published in Materials Science and Engineering A 765 (2019) 138276. The paper is focused 
on the evolution of the microstructure with soaking time and its relation with the micro- and 
macro-mechanical response of the low carbon steel. 
 
 Role of initial microstructure 
The influence of the initial microstructure on the final microstructure of the UFH treated 
steels has been broadly studied in the literature. Therefore, the scope of this section is to 
make an overview of the effects of the initial materials condition on aspects such as the 
recrystallization or the morphology and formation of the different phases. In [44], Azizi et 
al. studied the relation between microstructure and properties on DP chemical composition 
(Fe-C-Mn) with three different initial microstructures. The first one (I) was a fully 
martensitic structure subjected to 80 % cold rolling. The second condition (II) was similar 




to the first one but tempered at 550 ºC for 2 hours prior to the 80 % cold rolling in order to 
promote carbide particles. Finally, the third one (III) was tempered before and after cold 
rolling to form a more equiaxed grains. All conditions were heated at 300 ºC/s to 750 ºC and 
hold for 10 seconds. The (III) processing resulted in more carbides at ferrite grain boundaries 
which, in turn, provoke a higher fraction of austenite (martensite upon cooling) during the 
rapid heating. The competition between ferrite and austenite during the growing stage ended 
up in a finer microstructure, and, therefore, an improved combination of strength and 
ductility was achieved [44]. In another work [40], authors also investigated the effect of cold 
and hot rolling on the transformation temperatures. They demonstrated that, whereas in cold 
rolled (CR) microstructures the increase in AC1 temperature due to the increase in heating 
rate can be suppressed, in hot rolled (HR) condition the increment of heating rate was always 
accompanied by an increment of both AC1 and AC3. While in the former case, there was a 
balance between the existence of preferable sites for austenite nucleation (non-recrystallized 
ferrite, carbides, fragmented pearlite lamella…) and the delay of the austenite formation due 
to the lack of time, in HR there were not favorable places for austenite formation, being only 
a thermally activated process. Moreover, the increment of heating rate in the HR case 
resulted in a fine and homogeneous distribution of ferrite and martensite. However, in the 
CR structures, the increasing heating rate transforms the microstructure from a uniform 
dispersion of martensite in the matrix to the banded morphology, as it can be seen in Figure 
1.9. This is caused because austenite preferentially forms at the interface of pearlite colonies, 
which are elongated during cold rolling. Hence, austenite grows consuming the elongated 
colonies in first place, as carbon needs to travel a short distance and those are carbon 
enriched zones [25,40]. Nevertheless, the amount of banded martensite can be controlled 
reducing the deformation and/or the heating rate. The effect of cold rolling also affects the 
recrystallization kinetics, as it was shown by Bandi et al. in [36] and by Nakada and 
coauthors in [74]. In the first study, researchers investigated the effect of incrementing the 
cold rolling from 50 % to 75 % before reheating at 50 ºC/s. They observed that less holding 
time for a given temperature was required for the complete recrystallization of the 
microstructure. Therefore, the recrystallization kinetics was faster. Similar results were 
published in [74], where authors analyzed steels subjected to various cold rolling reductions 
(0%, 20%, 40, 60%) at two heating rates (0.083 y 100 ºC/s). They observed that the 
increment in deformation leads to a high degree of matrix recrystallization at the given 
temperature. In both cases, the effect was related to the high energy stored in the system due 





recrystallization. Moreover, a high CR reduction ratio drives to the formation of elongated 
grains with a higher amount of grain boundaries providing more nucleation sites for 
recrystallization [36]. The more nucleation zones, the finer the resultant microstructure, as 
there is a competition between the grains during their growth during fast treatment. This also 
affects the final mechanical properties of the material. It was observed that the strength was 
enhanced without a significant reduction of elongation with increasing cold rolling reduction 
ratio [74]. 
 





Figure 1.9: Schematic illustration of the microstructure evolution in a cold-rolled Fe-C-Mn-Mo 
steel annealed with different heating rates to holding temperature [25]. 
The evolution of grain size was analyzed in [21], where two microstructures, one formed by 
ferrite and pearlite (F + P) and another composed by ferrite and martensite (F + M), were 
compared. Both initial conditions were subjected to cold rolling with 50 % reduction ratio. 
Then both materials were heated to 300 ºC isothermally held at this temperature for 30 s to 
simulate a preheating stage in some industrial annealing lines. Afterwards the specimens 
were heated to 860 ºC with various heating rates (10 – 1200 ºC/s). After analyzing the 





although the effect was more pronounced in the F + P microstructure. However, the 
maximum AFG size measured was considerably coarser in the F + P than in the F + M 
(Figure 1.10 a)). The latter observation can be rationalized based on two effects: 1) the phase 
distribution in the initial microstructure has a great influence on the grain size, and 2) the 
interaction between fine particles and grain boundaries, which can take place during 
preheating stage, as particles may suppress the grain boundary migration. On the other hand, 
above 400 ºC/s, the AFG tended to reach a plateau due to the shorter time given to nuclei for 
growth during treatment. Authors also observed that the martensite fraction increased faster 
in the F + P than in the F + M counterpart (Figure 1.10 b)), due to the existence of preferable 
places for austenite to grow (carbides and cementite platelets). Similar behavior was reported 
by Pedraza et al. in [43], where they compared the austenite formation in a F + P 
microstructure and the same alloy after spheroidization treatment during heating at 200 ºC/s. 
In the latter case, the phase transformation was slower due to the presence of more Fe3C 
carbides in the interior of the matrix, which did not contribute to the austenite nucleation. 
Nevertheless, if the heating rate is too high, i.e. above 800 ºC/s, the fraction of austenite and, 
therefore, martensite is significantly reduced, because of the shift of AC3 temperature to 
higher values, thus reducing the fraction of austenite formed during heating, as it is shown 
in Figure 1.10 b) [21]. 
 
Figure 1.10: a) Average ferritic grain size (lower set, outlined marks) and maximum ferritic grain 
size (upper set, filled marks); b) Martensite phase fraction [21]. 
 
In [75], authors studied the effect of initial microstructure on the hardness of a C-Si-Mn 
steel. The two conditions analyzed present an initial microstructure composed by ferrite and 
pearlite (F + P) and ferrite and martensite (F + M). The hardness was maintained unchanged 




in both conditions, when the material was reheated below 500 ºC at different heating rates, 
140 ºC/s, 360 ºC/s and 1500 ºC/s (zone I in Figure 1.11). However, further increase in 
temperature up to 800 ºC at 140 ºC/s produced a decrease in the hardness in both conditions, 
F + P and F + M, being more pronounced in the latter one (zone II). This effect was attributed 
to the onset of recovery and recrystallization in the initial microstructures. On the other hand, 
the hardness was slightly reduced in the F + M condition when heating rate was increased to 
360 ºC/s in that temperature range, and it was completely suppressed in the F + P one at 
1500 ºC/s. Moreover, when temperature was increased to the intercritical region (zone III), 
the hardness was raised in both conditions because of the martensite formation. 
Nevertheless, above AC3 the hardness of the F + M sample slightly decreased due to the grain 
growth of the parent austenite which formed coarse martensite, while for the F + P case the 
hardness reduction was delayed. The latter effect can be explained by the pinning effect of 
the undissolved carbides which come from initial pearlite. 
 







 Effect of other heat treatment parameters 
During rapid treatments there are other parameters in addition to the heating rate, that need 
to be considered carefully in order to obtain the desired materials behavior, as they can 
greatly modify the microstructure and properties. The maximum temperature achieved 
during treatment, the soaking time at the peak temperature or the cooling rate, among others, 
are aspects which should be taken into account with great care, although any of these 
concepts has not been thoroughly investigated yet. For instance, there are no systematic 
studies on the influence of the isothermal soaking on the microstructure and properties, 
being, in most of the studies as short as possible (0.2 – 3 s) [18,21,52,76]. However, in [44] 
authors studied the effect of different holding times (1, 60 and 300 s) during intercritical 
annealing at 300 ºC/s on martensite and ferrite. They reported that martensite reached the 
paraequilibrium after soaking for 60 s. Moreover, increasing from 10 to 60 s, martensitic 
islands doubled in size (1 to 2 µm). On the other hand, in the 10 to 60 s time range, the 
percentage of ferritic grains larger than 3 µm passed from a 32 to a 38 % reaching 46 % after 
300 s. Their main goal was to achieve an ultrafined grained (UFG) microstructure, but, 
longer soaking times (60 – 300 s) were inadequate. Nevertheless, the increment of holding 
time raised the mechanical properties, mainly caused by the higher fraction of martensite. 
The coarsening of the grains and the martensite fraction formed during rapid heating 
followed by soaking and quenching was also reported by Puype et al. in [77]. In this case, 
the material was subjected to a full austenitization at two heating rates, 10 ºC/s and 1000 
ºC/s. It was shown that the final martensitic microstructure after UFH treatment was 
determined by two key parameters: nucleation rate of austenitic grains and their growth rate. 
At low heating rate, the amount of martensite formed was higher than at ultrafast heating 
rate, when no soaking was applied. Nonetheless, the microstructure of the steel heated at 
1000 ºC/s without soaking was characterized by fine austenitic nuclei (i.e. fine martensitic 
grains formed upon quenching), which did not have enough time to grow in the first stages. 
When soaking time during UFH treatment was increased to 60 s, the austenitic nuclei grew 
faster than those formed during heating at 10 ºC/s, leading to a higher final fraction of 
martensite. This observation was related to the dominance of the austenite growth over the 
nucleation process, which prevailed at the low heating rate [78]. Similar results were 
obtained during the analysis of the grain size evolution. For no soaking, slow heating resulted 
in a coarser grain size compared to the high heating rates, due to the time given for the 
structure to develop. However, when the soaking time was increased to 30 s, the positive 




grain refinement produced by high heating rates was erased. The latter was related to the 
delayed (or partially suppressed) recrystallization during UFH treatment in comparison with 
the conventional (10 ºC/s) one, which provided higher internal energy resulting in higher 
driving force for grain growth. (Figure 1.12). After 60 s, both conditions presented similar 
size. These outcomes were in a good agreement with the statement proposed in [45], where 
it was suggested that fast heating (300 ºC/s) and short holding times at an intercritical 
temperature would produce a microstructure with a higher volume fraction of finer austenite 
compared to the conventional heating rates (5 ºC/s). However, in [35] Massardier did not 
appreciate a significant change in the grain size for 0 - 5 s holding times, which was related 
to the initial microstructure. The effect of soaking time on the retained austenite was studied 
by Liu [45] at different peak temperatures (770 ºC – 850 ºC) for two holding times, 30 and 
120 s, during a Q&P treatment carried out at 300 ºC/s. They observed that the maximum 
volume fraction of retained austenite was similar for both soaking times, being ~ 16 %. This 
value was reached during soaking for 30 s at 810 ºC, whereas the longer soaking time 120 s 
was required at 790 ºC. This difference can be attributed to higher fraction of prior austenite 
formed during intercritical annealing for longer time, the complete dissolution of cementite 
present in the initial microstructure and the longer time for carbon to diffuse into the 
austenite. A detailed study of the influence of soaking time on the recrystallization, recovery 
and phase transformation during ultrafast heating is included in this PhD Thesis in section 
4.2. It corresponds to the paper titled “The effect of heating rate and soaking time on 
microstructure of an advanced high strength steel” by Valdes-Tabernero et al. published in 
Materials Characterization 155 (2019) 109822. In this work, in addition to analysis of the 
microstructure formed during high heating rates (800 ºC/s), the microstructure evolution 






Figure 1.12: Influence of the isothermal soaking time on the prior austenite grain size in steel with 
0.15%C; 1.7%Mn; 0.26%Si; 1%Al (mass) heated to 900 °C at 10 °C/s and 1000 °C/s [77]. 
 
The influence of the peak temperature on the microstructure and properties was investigated 
sporadically. For instance, Stockemer reported in [79] a growth in grain size from 3.5 to 4.8 
µm in a low carbon steel, when temperature was increased from 620 ºC to 763 ºC. 
Nonetheless, Massardier et al. [35] suggested that heating in the intercritical region could 
lead to significant grain refinement even if complete recrystallization before the formation 
of austenite occured. However, heating above AC3 led to a rapid grain growth eliminating 
the beneficial grain refinement effect produced in the intercritical regime. The differences 
between both investigations can lay in the heating and cooling rates employed. While in the 
former study the heating rate used was 200 ºC/s and cooling rate 15 ºC/s, in the latter case, 
heating and cooling rates were 1000 ºC/s and 250 ºC/s, respectively. The growth of austenite 
grains with temperature and its dependence on heating rate observed were in a good 
agreement with the results reported by Vercruysse [80], where he studied the effect of the 
temperature increment from 760 ºC to 840 ºC for various heating rates (400 ºC/s y 1000 ºC/s) 
in a DP steel. The martensite grain size growth from 2.5 µm at 760 ºC to 3.5 µm at 840 ºC, 
when heating at 400 ºC/s was applied, whereas at 1000 ºC/s the maximum grain size was 3 
µm. Moreover, he reported that increasing peak temperature resulted in a lower fraction of 
non-recrystallized ferrite and a higher fraction of martensite independently on the applied 
heating rate. Thus, the mechanical strength was enhanced with peak temperature, as it 
strongly depends on the martensite fraction formed. On the other hand, the amount of 
retained austenite was negatively affected. This was shown by Xu et al. in [37], where the 
peak temperature was varied from 800 ºC to 860 ºC. The reduction in the percentage of RA 
was associated with the austenite grain growth provoked by the increase in temperature, 
hence, the carbon concentration was reduced which, in turn, reduced the stability of the 




austenite. The decrease in RA affected the ductility of the material, as the TRIP effect was 
less pronounced. Moreover, as % C in RA was low, the retained austenite transformed into 
martensite at lower strains, producing a steeper decrease in the strain hardening behavior 
[37]. The formation of austenite during isothermal holding at different peak temperatures for 
two heating rates (1 ºC/s and 100 ºC/s) was investigated by Huang et al. in [25]. At 775 ºC, 
the austenite in equilibrium was 25 % and 50 %, respectively, while at 800 ºC, at 1 ºC/s the 
austenite fraction increased to 40 % and at 100 ºC/s to 80 %. Similar outcomes were reported 
elsewhere [78]. In [45], authors examined the impact of elevating the peak temperature from 
790 to 830 ºC on the tempered martensite developed after Q&P treatment. They reported 
that the increasing peak temperature led to a higher fraction of austenite, therefore, more 
tempered martensite was developed during the partitioning step. The role of the maximum 
temperature achieved during ultrafast heating treatments (i.e. peak temperature) is also 
studied in this PhD Thesis. The thorough investigation is included in section 4.4, 
corresponding to the paper titled “The sensitivity of the microstructure and properties to the 
peak temperature in an ultrafast heat treated low carbon-steel” by Valdes-Tabernero et al. 
published in Materials Science and Engineering A 776 (2020) 138999. In this work, different 
heat treatments with the combination of different peak temperatures (860 - 900 ºC) and two 
different short soaking times (≤ 1.5 s) are applied to the low carbon steel, and their effect on 
microstructure evolution and properties at both, micro and macro-levels, is investigated. 
The effect of cooling rate on microstructure and properties has not been studied in a 
consistent manner. For instance, Stockemer et al. observed in [79] that, the temperature at 
which the full recrystallization of the microstructure occured was independent on the heating 
rate (40 – 300 ºC/s), when the cooling rate employed was equal to 15 ºC/s. Nonetheless, an 
increment of the peak temperature to achieve full recrystallization was required when the 
cooling rate was raised up to 1000 ºC/s. Authors claimed that the recrystallization continues 
during slow cooling. They also mentioned that the cooling step can affect the final 
mechanical properties. In this case, both yield and ultimate tensile strength significantly 
increased with cooling rate, but elongation was reduced by half. The latter was caused by 
the increase of interstitial carbon content. This effect could be suppressed if slow cooling 
rates (- 15 ºC/s) were applied above 400 ºC to enhance precipitation after annealing, and 
afterwards, increased cooling rate to -150 ºC/s. In addition, Massardier et al. [35] showed 
that grain refinement can be achieved during cooling, from 6 µm at -15 ºC/s to 4 µm at -250 





occurred during cooling. Hence, the higher the cooling rate, the lower the time for grains to 
grow. They demonstrated that high cooling rates were not required during the entire cooling 
stage to produce grain refinement, only from 920 to 650 ºC, corresponding to the γ → α 
transformation. This was because the cooling rate has similar effect as the heating rate over 
the transformation temperatures. Hence, in [35] the maximum cooling rate should be applied 
only above 650 ºC. An increasing cooling rate shifted the transformation to lower 
temperatures affecting nucleation (increase in nucleation site density) and growth (mainly 
controlled by carbon diffusion) of ferrite grains and, consequently, the final grain size [26]. 
It should also be noted that the application of high heating rates on small strips can cause 
different distortions in the material due to two main facts: 1) the volume change caused by 
the phase transformations during heating, and 2) the thermal stresses associated with the 
high difference in temperature achieved in a short time during the process. While the first 
effect cannot be avoided unless appropriate heat treatment parameters are applied, the second 
type of distortions can be minimized by replacing the one-step heating cycle by two-steps 
heating cycle. The two-step heating cycles can include a preheating stage, as it was reported 
by Castro Cerda et al. in [54], who introduced an isothermal soaking step at 300 °C and 400 
°C for 30 s during heating of a low carbon steel to the intercritical temperature. The 
temperature selected for the preheating stage was lower than the starting recrystallization 
temperature. It was shown that intermediate holding times at temperatures below 
recrystallization starting point had negligible effects on the initial microstructure and texture, 
but reduced the thermal stresses associated with the process. Therefore, this approach can be 
used without reducing the benefits provoked by the effect of the high heating rate. On the 
other hand, in [47], Liu and co-workers also studied the effect of applying two different 
heating rates during the heating ramp on the microstructure and properties of the low carbon 
steel analyzed. The first stage of the heating was carried out at 0.5 ºC/s from room 
temperature to 690 ºC and from that point to 790 ºC the heating was raised up to 300 ºC/s. 
The resultant microstructure presented a fully recrystallized structure with more 
spheroidized particles in the interior of the ferrite, whereas the microstructure entirely heated 
at 300 ºC/s was composed by non-recrystallized ferrite and deformed pearlite colonies. 
Moreover, the two-step heating not only affected the austenite volume fraction (i.e. 
martensite after quenching), showing a significant reduction from 59 % to 17 % compared 
to 300 ºC/s counterpart, but also its spatial distribution, changing from a homogeneous 
distribution to a banded one. As a result, the one-step heating at 300 ºC/s led to a higher 




strength due to the higher fraction of martensite, but similar ductility, as the banded 
martensite distribution observed in the two – step process increased the difference in the 
amount of plastic deformation accommodate by each constituent leading to the formation of 



























From the state of the art, it is clearly seen that the UFH processing is a very promising 
technique for manufacturing AHSS. A body of research focused on UFH processing and its 
effect on microstructure and mechanical properties exists in the current literature. 
Particularly, the influence of heating rate on the microstructure and basic mechanical 
properties of the UFH processed steels has been understood to satisfactory level. However, 
there are no systematic studies focused on the effect of soaking time and peak temperature 
on the microstructure and properties of steels subjected to UFH treatment. A requirement for 
further improvement of mechanical properties via intelligent microstructural design is, thus, 
to achieve fundamental understanding of the processing - microstructure - property 
relationship in this type of steels. 
Therefore, the main goal of this work is to gain fundamental understanding of the effect of 
soaking time and peak temperature on the microstructure and properties of an UFH treated 
low carbon steel. This knowledge will allow to develop a concept of microstructural design 
via UFH treatments to achieve enhanced combination of mechanical and functional 
properties in steels. The following partial objectives can be derived from the general one: 
• To understand the joint effect of ultrafast heating rate, peak temperature and soaking 
time at the peak temperature on the microstructure of the UFH treated low carbon steel on 
different scales (meso, nano). 
• To analyze the effect of microstructure evolved during UFH treatment on the 
properties of individual microconstituents and on the macro-mechanical response of the 
material. 
 To establish the processing-microstructure-properties relationship for the UFH 
treated steels with complex microstructures. 




• Based on the outcomes of the experimental work, to derive a recipe for intelligent 



























The low carbon steel selected for this investigation was laboratory cast by CRM Group 
(Belgium). The chemical composition of the material is shown in Table 3.1. Alloys with this 
composition are typically used in the automotive sector as transformation induced plasticity 
(TRIP) assisted steels, which belong to the 1st generation of AHSS [81–83]. 
Table 3.1: Chemical composition of the studied material (wt. %). 
C(%) Mn(%) Al(%) Si(%) 
0.19 1.61 1.06 0.50 
 
The cast ingots were cut into blocks of 40 mm in thickness. They were reheated to 1250 ºC 
for 1 hour, and hot rolled to 14 mm in 3 passes with a finishing rolling temperature equal to 
1050 ºC. The material was then reheated to 1250 ºC and subsequently hot rolled to 2 mm in 
2 passes with a finishing rolling temperature of 1050 ºC. Then, it was cooled down in water 
to a coiling temperature of 600’ºC. Finally, the sheets were subjected to 50% cold rolling 
reduction to a final thickness of 1 mm. The supplied sheets presented a microstructure 
formed by 76 % of ferrite and 24 % of pearlite (Figure 3.1). They had final dimensions of 
1200 mm in length and 200 mm in width. 





Figure 3.1: Initial ferritic-pearlitic microstructure of the steel after cold rolling with 50 % reduction 
ratio. 
 
 Heat treatment experiments 
Two kinds of heating experiments were performed: a) dilatometry measurements to 
determine phase transformation temperatures and the formation of austenite at different 
intercritical temperatures; b) annealing tests to various intercritical temperatures with 




The phase transformations that takes place during heating above certain temperatures were 
measured by dilatometry. The technique records the change in length of a sample during 
heating, cooling or isothermal soaking. The lattice parameter of the different phases, ferrite 





atoms in a unit cell with a lattice parameter of 0.286 nm, while austenite (fcc) contains 4 
atoms in a unit cell with a lattice parameter equal to 0.356 nm, for 727 ºC in pure iron [84]. 
Hence, austenite presents a higher density than ferrite. Due to the difference in density 
between phases, it is possible to measure a contraction by dilatometry during heating, when 
austenite starts to form above the AC1 temperature. 
For these experiments, specimens with dimensions of 10 x 5 x 1 mm3 were machined from 
the as-received material. Tests were carried out in a Bähr DIL805A/D dilatometer (Bähr-
Thermoanalyse GmbH, Hüll-Horst, Germany). A K-type thermocouple was welded to the 
midsection of each specimen to measure their temperature during experiment. The sample 
expansion/contraction during heating/cooling was recorded. 
Two different types of experiments were performed: continuous heating and isothermal 
soaking. Continuous heating was carried out in order to determine the phase transformation 
temperatures AC1 and AC3 of the studied steel as a function of heating rate. As increasing 
heating rate shifts the recrystallization temperature to the higher values than the equilibrium 
one or the one measured at conventional heating rates [21,33]. Specimens were heated up to 
1100 ºC with different heating rates (1, 10, 50 and 200 ºC/s) and holding time equal to 0.2 s 
(Figure 3.2). Heating rates above 200 ºC/s were not applied due to instability of the system 
in that range of heating rates. The material was then cooled down to room temperature at -
300 ºC/s. 





Figure 3.2: Example of continuous heating performed at 1 ºC/s. 
Isothermal annealing was performed to analyze the austenitization kinetics at different 
temperatures for the same heating rate. Specimens were heated from room temperature to 
different temperatures in the intercritical region (860 ºC, 880 ºC and 900 ºC) at 200 ºC/s and 
soaked for 600 seconds. The specimens were then heated to a maximum temperature of 1100 
ºC at 200 ºC/s and soaking time equal to 0.2 s (Figure 3.3). The material was then cooled 






Figure 3.3: Example of isothermal soaking at 860 ºC after heating at 200 ºC/s. 
The data obtained from the dilatometry experiments was processed applying the lever rule 
(Figure 3.4) [85]. The phase fractions formed at different temperatures and/or soaking times 
can be determined in this way. The AC1 and AC3 temperatures, during continuous heating, 
were determined through the intersection method at 5 % volume fraction of the transformed 
phase.  





Figure 3.4: Schematic diagram of an experimental dilatometry curve (measured at 1 oC/s) to 
calculate AC1 and AC3 temperatures and phase fractions via tangent intersection principle and lever 
rule. Fα and fγ are the volume fractions of ferrite and austenite, respectively; kα and kγ are the 
thermal expansion coefficients of ferrite and austenite, respectively. 
 
 Intercritical heat treatments 
For the intercritical heat treatments, strips of 100 x 10 x 1 mm3 were machined along the 
rolling direction and heat treated in a thermo-mechanical simulator Gleeble 3800. A K-type 
thermocouple was spot-welded to the midsection of each specimen. Two different types of 
heat treatment were applied. In both types, the thermal cycle was divided into five stages. 
On the first and second stages, the specimens were heated at 10 ºC/s to 300 ºC, followed by 
a soaking period of 30 s at 300 ºC. These stages simulate a preheating in some industrial 
continuous annealing lines to reduce the thermal stresses during heating. The third stage is 
heating from 300 ºC to the peak temperature of 860 ºC at two different heating rates, 10 ºC/s 
(conventional heating or CH) and 800 ºC/s (ultra-fast heating or UFH) followed by soaking 
at 860 ºC for 0.2 s. The processed specimens will be referred to as CH10-0.2s and UFH800-





effect of annealing time on the microstructure and to focus entirely on the effect of heating 
rate. The last stage was to cool down the material to room temperature at ~160 ºC/s. The 
peak temperature of 860 ºC for intercritical annealing was selected based on the outcomes 
of the dilatometry measurements. 
To study the effect of soaking time at both heating rates (CH and UFH), additional heat 
treatments were performed with higher soaking time (1.5 s and 30 s). The new generated 
conditions are referred to as CH10-1.5s and CH10-30s for the CH treatment, and UFH800-
1.5s (UFH860-1.5s) and UFH800-30s (UFH860-30s) for the UFH treatment. All applied 
thermal cycles are schematically presented in (Figure 3.5).  
 
Figure 3.5: Schematic representation of the different heat treatments with peak temperature of 860 
oC applied to the studied material. 
In order to study the effect of peak temperature during UFH treatment, additional heat 
treatments were carried out varying exclusively the peak temperatures to 880 ºC and 900 ºC. 
For both peak temperatures, the soaking times were 0.2 and 1.5 seconds. The new conditions 
are referred to as UFH880-0.2s and UFH880-1.5s for the 880 ºC peak temperature and 
UFH900-0.2s and UFH900-1.5s for the 900 ºC one. Figure 3.6 a) and b) represents the new 
thermal treatments performed. 





Figure 3.6: a) Representation of the thermal treatments performed to study the effect of the peak 
temperature; b) Detailed representation of image a). 
In all samples, a minimum length of 10 mm of the homogeneously heat treated zone was 
verified by microhardness measurements and optical microscopy analysis. 
The specimens processed by the Gleeble thermo-mechanical simulator were then subjected 
to a thorough microstructural and mechanical characterization. 
 
 Microstructural characterization 
 Optical microscopy 
Optical microscopy observations were carried out using an Olympus BX-51 light 
microscope equipped with a digital camera. Specimens for microstructural analysis were cut 
from the strips, and subsequently ground and polished to a mirror-like surface, using 3 and 
1 µm diamond paste with final polishing using OP-U (colloidal silica) for 40 minutes. The 
polished specimens were etched with 3 vol.% Nital solution for ~ 10 s. The RD-ND plane 
was characterized. 
 
 Scanning electron microscopy (SEM) 
Specimens for scanning electron microscopy (SEM) studies were ground and polished to a 
mirror-like surface, using 3 and 1 µm diamond paste with final polishing using OP-U 





solution for 10 s. Due to low availability reasons, the microstructure was examined using 
three different equipments: a FEI Quanta™ 450 FEG-SEM, a FEI Quanta™ Helios NanoLab 
600i and a SEM EVO MA15 operating, in all cases, at an accelerating voltage of 15 kV. 
Microstructure was observed on the RD–ND plane. 
 
 Electron backscatter diffraction (EBSD) analysis 
Specimens for EBSD analysis were prepared following the same procedures as for SEM, 
with final polishing using OP-U (colloidal silica) for 40 minutes. Orientation imaging 
microscopy (OIM) studies were performed using a FEI Quanta™ Helios NanoLab 600i 
equipped with a NordlysNano detector controlled by the AZtec Oxford Instruments 
Nanoanalysis (version 2.4) software. The data were acquired at an accelerating voltage of 
18 kV, a working distance of 8 mm, a tilt angle of 70º, and a step size of 65 nm in a hexagonal 
scan grid. The orientation data were post-processed using HKL Post-processing Oxford 
Instruments Nanotechnology (version 5.1©) software and TSL Data analysis version 7.3 
software. Data clean-up routines can be used to compensate in part for unsolved patterns 
[86]. The post-processing routine followed in this work is described below. First, IQ 
standardization with a minimum grain size of 4 pixels was applied. This clean up algorithm 
changes the IQ of all points in a grain to the maximum IQ found among all points belonging 
to that grain. Afterwards, the neighbor IQ correlation algorithm was employed, which 
implies that if a particular point has a value below 0.1, then the IQ of the nearest neighbors 
are checked to find the neighbor with the highest IQ. The orientation and IQ of the particular 
point are reassigned to match the orientation and IQ of the neighbor with the maximum IQ. 
After the cleaning procedure, different grains were defined as a minimum of 4 pixels with a 
misorientation higher than 5º and a confidence index (CI) higher than 0.1. Grain boundaries 
having a misorientation ≥ 15º were defined as high-angle grain boundaries (HAGBs), 
whereas low-angle grain boundaries (LAGBs) had a misorientation <15º. Moreover, in order 
to quantify the volume fractions of transformed/untransformed grains and 
recrystallized/recovered ferritic grains a two-step partitioning procedure described in [87] 
was employed. In this procedure, grains with high (> 70°) and low (≤70°) grain average 
image qualities are separated in a first step, allowing to distinguish between untransformed 
(ferrite) and transformed (martensite) fractions, respectively. In the second step, 
recrystallized and non-recrystallized ferritic grains are separated using the grain orientation 




spread (GOS) criterion: grains with orientation spread below 1º are defined as the 
recrystallized grains, while grains with an orientation spread above 1º are defined as the non-
recrystallized ones [88]. On the other hand, grain average misorientation (GAM) criterion 
can be used as well to separate recrystallized from recovered fractions of ferrite [55]. 
However, comparison of these two different criteria via analysis of numerous EBSD scans 
carried out in this work has shown, that the GOS criterion yields better results. The density 
of geometrically necessary dislocations (GNDs) was calculated from the local 
misorientations following the procedure described in [89]. Microstructure was observed on 
the plane perpendicular to the sample transverse direction (the RD–ND plane). 
 
 Texture 
Textures are represented as orientation distribution functions (ODFs) using Bunge notation 
[90]. The ODFs were derived from the EBSD scans by superimposing Gaussian distributions 
with a half-width of 5°. The resulting ODF was represented as a series expansion of spherical 
harmonics functions with a maximum rank of the expansion coefficient L =16. Texture and 
grain size calculations were made using scans having area of ~6000 μm2 which contains at 
least 1100 grains. 
 
 X-ray diffraction (XRD) analysis 
X-ray diffraction (XRD) experiments were carried out to determine the retained austenite 
volume fraction and its carbon concentration. Specimens with a surface of 10 x 5 mm2 were 
prepared following the same procedure as for the EBSD analysis (Section 3.3.3). The 
measurements were performed using a Bruker D8 Advance diffractometer (Bruker AXS, 
Karlsruhe, Germany) equipped with a VANTEC position sensitive detector and using Co Kα 
radiation (λ = 1.78897 Å), an acceleration voltage of 45 kV and current of 35 mA. The 
measurements were performed in the 2θ range from 45 º to 130º with a step size of 0.035º 
and a counting time per step of 3 s. The volume fraction of retained austenite was calculated 
using the Jatczak model as described in [91]. The austenite carbon concentration, XC, was 
estimated from its lattice parameter, aγ. The latter was determined from the austenite peak 





aγ=0.3556+0.00453 Xc +0.000095 XMn +0.00056 XAl (3.1)
 
where aγ is the austenite lattice parameter in nm and XI represents the concentration of the 
alloying element I in wt. %. The effect of silicon and phosphorous is not taken into account, 
as it is negligible compared to other elements considered in Eq. (3.1). 
The XRD characterization was performed on samples CH10-0.2s, UFH800-0.2s, UFH800-
1.5s and UFH800-30s. 
 
 Transmission electron microscopy (TEM) 
In order to characterize the microstructure developed at nanoscale, transmission electron 
microscopy (TEM) technique was employed. Samples were manually ground to a thickness 
of 100 µm and disks of 3 mm in diameter were subsequently punched out. The disks were 
further thinned in a Struers Tenupol-5 via twin-jet electropolishing until a central hole 
appeared. The used electrolyte was composed of 4 % vol. HClO4 in 63 % water-diluted 
CH3COOH under 21 V at 20 ºC and a flow rate equal to 17 for the Struers device. TEM 
images were acquired in a Jeol (S)TEN JEM-2200FS operated at 200 kV and equipped with 
an aberration corrector of the objective lens (CETCOR, CEOS GmbH) and a column 
electron energy filter (omega type). 
TEM characterization was performed on samples CH10-0.2s, UFH800-0.2s, UFH800-1.5s 
and UFH800-30s. 
 
 Transmission Kikuchi diffraction (TKD) 
In the last decades, nanocrystalline structures, such as ultra-fined grained (UFG) materials, 
metal-oxides or thin films have rapidly developed due to the superior mechanical properties  
and their interesting magnetic and electronic features [93]. However, as a result of the grain 
size reduction, the actual techniques present some difficulties to characterize such fine 
microstructures. This has happened with EBSD, which has been the most commonly 
technique to analyze nanocrystalline structures in a rapid manner. The other option, when 




EBSD is not sufficient to resolve small features, is to use transmission electron microscopy. 
Nevertheless, TEM presents some drawbacks, as the large time and high skills required to 
analyze the specimens. Moreover, with TEM images it can be difficult to differentiate 
between grains and measure grain sizes.  
In order to carry out reliable and a thorough characterization of nanoscale constituents in a 
rapid manner, in 2012 Keller et al. proposed, a novel approach called transmission EBSD (t-
EBSD) [94]. It is based on performing an EBSD analysis in transmission mode. The method 
requires very thin samples, similar to those for TEM characterization, and a conventional 
SEM equipped with EBSD detector. The specimen is placed perpendicular to the normal 
EBSD configuration, as it is shown in Figure 3.7. Due to the low thickness of the sample, 
typical SEM voltages are enough for electrons to interact with the material and pass through, 
to finally be captured by the EBSD detector. This configuration allows to obtain the 
diffraction pattern from the bottom surface of the specimen. Hence, the caption “electron 
backscattered diffraction” is no longer valid, being more suitable the term “transmission 
Kikuchi diffraction” (TKD). 
 
Figure 3.7: Set-up for TKD characterization of TEM specimen [95]. 
TKD offers better spatial resolution than EBSD (< 10nm), allowing the resolution of 
nanoscale microstructural constituents having 10-30 nm in size [96,97]. It has been 
successfully used to analyze oxides and nitrides in aluminum alloys [98] and stainless steels 
[99,100], martensite and retained austenite in bainitic steels [101] as well as highly deformed 





One of the problems of the TKD technique is the localized area analyzed, leading to 
statistically insignificant data. Therefore, it is not a suitable technique if the goal is to 
measure the volume fractions of different phases present in the microstructure, as the data is 
not truly representative. In order to have enough information, the area scanned should be 
enlarged, increasing the measuring time significantly, as the step size used is around 5-20 
nm [95,104,105]. Moreover, the TKD results highly depend on the quality of the studied 
samples. If the electropolishing step is inhomogeneous, there are significant differences in 
the foil thickness through the sample. If a local area is too thick, the electrons are unable to 
pass through and reach the detector, as their initial energy is orders of magnitude less 
compared to the ones generated in TEM which results in the non-indexed areas. Similar 
effect occurs when the foil is too thin, as too many electrons cross the specimen and reach 
the detector [95,96]. Therefore, the specimen preparation is critical to obtain reliable results. 
In this work, the specimens were prepared following the same procedure described in TEM 
(Section 3.3.6), as the exact same region of the analyzed samples was observed by both 
techniques, TEM and TKD. 
TKD data were collected by an EDAX-TSL EBSD system attached to a FEI Quanta™ 450-
FEG-SEM, under the following conditions: accelerating voltage of 30 kV, working distance 
of 4 mm, tilt angle of - 40°, a beam current of 2.3 nA corresponding to FEI spot and aperture 
sizes of 5 and 30 μm respectively. TKD measurements were performed with the step size of 
10 nm. The orientation data were post-processed using TSL Data analysis version 7.3 
software. The post-processing routine followed is similar to the one described in Section 
3.3.3. In the first step, the IQ standardization with a minimum grain size of 4 pixels was 
applied. Secondly, the neighbor IQ correlation algorithm was used. Grains were defined as 
a minimum of 4 pixels with a misorientation higher than 5º and a confidence index (CI) 
higher than 0.1. 
TKD characterization was performed on samples CH10-0.2s, UFH800-0.2s (UFH860-0.2s), 
UFH800-1.5s (UFH860-1.5s) and UFH800-30s (UFH860-30s). 
 




 Mechanical characterization 
 Hardness testing  
Hardness measurements were performed on the RD–ND plane for all heat treated samples 
after metallographic preparation by grinding and polishing using 1 µm diamond paste as 
final step. Tests were carried out in a Shimadzu HMV Hardness Tester, according to the 
ASTM E92-17 Standard. The penetrator was a diamond square base pyramid with at angle 
of 136º. Tests were done applying a load of 4.9 N for 15 s. 
 
 Uniaxial tensile testing  
Uniaxial tensile testing was carried out in order to obtain the mechanical behavior of the 
material studied. Dog bone sub-size tensile samples were machined from the homogeneously 
heat treated zone of the processed strips. Tensile axis was parallel to the rolling direction 
(RD) (Figure 3.8). The samples had a gauge length of 4 mm, a gauge width of 1 mm and a 
thickness of 1 mm. They were carefully ground and mechanically polished with 3 µm, 1 µm 
diamond paste for 40 minutes. Tensile tests were carried out at room temperature using a 
Kammrath&Weiss testing module equipped with a 1 kN load cell at a constant cross head 
speed corresponding to the initial strain rate of 10-3 s-1 until failure. At least three specimens 
were tested for each condition and the results were found to be reproducible. A very thin 
(~15 μm) decarburized layer formed on the surface of all heat treated strips was removed 






Figure 3.8: a) Geometry of tensile specimens; b) Kammrath&Weiss testing module. 
 
 Nanoindentation testing  
Nanoindentation tests were performed on a HysitronTI950 Triboindenter using a Berkovich 
tip on square areas having a size of ~10 x 10 µm2, which were a priori analyzed by EBSD 
(as described in Section 3.3.3) to identify the individual microstructural constituents. At least 
ten areas were subjected to testing for each material’s condition. In order to target specific 
phases/grains, these square areas were scanned, using the scanning probe microscopy (SPM) 
mode of the instrument prior to the nanoindentation. In SPM mode, the nanoindenter tip is 
in contact with the surface of the tested material scanning it, giving the topography of the 
sample. Nanoindentation tests were carried out in displacement control mode, at a constant 
strain rate (𝜀=ℎ/h) of 0.07 s-1, where h is the penetration depth and ℎ the penetration rate of 
indenter. At least 20 indents were performed on each phase, at an imposed maximum depth 
of 150 nm. The nanohardness was determined from the analysis of the load–displacement 
curves using the Oliver and Pharr method [106]. Surfaces for nanoindentation had a low 
roughness (≤ 5 nm), suitable for performing nanoindentation measurements at the prescribed 
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A B S T R A C T
This work focuses on the effect of soaking time on the microstructure during ultrafast heat treatment of a 50%
cold rolled low carbon steel with initial ferritic-pearlitic microstructure. Dilatometry analysis was used to es-
timate the effect of heating rate on the phase transformation temperatures and to select an appropriate inter-
critical temperature for final heat treatments. A thorough qualitative and quantitative microstructural char-
acterization of the heat treated samples is performed using a wide range of characterization techniques. A
complex multiphase, hierarchical microstructure consisting of ferritic matrix with embedded martensite and
retained austenite is formed after all applied heat treatments. In turn, the ferritic matrix contains recrystallized
and non-recrystallized grains. It is demonstrated that the ultrafast heating generally results in finer micro-
structure compared to the conventional heating independently on the soaking time. There is a significant effect
of the soaking time on the volume fraction of martensite of the ultrafast heated material, while in the samples
heated with conventional heating rate it remains relatively unchanged during soaking. Recrystallization, re-
covery and phase transformations occurring during soaking are discussed with respect to the applied heating
rate.
1. Introduction
Steels have been the most widely used materials all over the world
and are likely to remain a key material of choice in construction and
manufacturing. Steel manufacturing is a multistage process, where the
heat treatment of (semi-)final product (in form of sheet, rod, wire) to a
great extent determines its microstructure and, hence, its properties.
The current approach for steel heat treatment is based on homo-
genization of microstructure at elevated temperatures (either at auste-
nitic or intercritical temperatures) and cooling with controlled rate
often followed by further treatment to form the required microstructure
[1]. In 2011, Cola et al. [2] proposed an idea to apply ultrafast heat
treatment for manufacturing advanced high strength steels (AHSS) with
microstructures as heterogeneous as those processed via conventional
heat treatments. This treatment was initially referred to as ‘flash pro-
cessing’ [2], and other terms such as ‘ultrashort annealing’ [3] and
‘ultrafast heating’ [4–7] are widely used for this process in the recent
literature. Ultrafast heat treatment is based on heating the material
with the heating rate in the range of 100 to 1000 °C/s to an intercritical
temperature, very short soaking at this temperature followed by
quenching. The whole process lasts just a few seconds and, therefore, is
characterized by significantly reduced energy consumption compared
to the conventional heat treatments [8].
The current state of the art in the effect of ultrafast heat treatment
on the microstructure and properties of steels can be summarized as
follows. The final microstructure of the ultrafast heat treated steels is
determined by three major heat treatment parameters: heating rate,
peak temperature and soaking time. Ultrafast heating typically results
in grain refinement in interstitial free (IF) [9] and low carbon steels
[3–5,10,11], thus, leading to higher mechanical strength. Increasing
heating rate shifts the recrystallization temperature to higher values
than the one measured at conventional heating rates of 10–20 °C/s.
Recovery and recrystallization processes concurrently occur during ul-
trafast heating, and increasing the heating rate decreases the re-
crystallized fraction of ferrite for a given temperature [5–7,12–14]. The
martensite volume fraction in the heat treated steel tends to increase
with increasing peak temperature [15]. The initial microstructure
strongly influences the properties of steels after ultrafast heat treatment
[5]. Particularly, the steels with the initial ferritic-pearlitic micro-
structure showed lower strength and higher ductility compared to the
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steels with the initial ferritic-martensitic microstructure [5]. The pre-
heating stage at temperatures of 300–400 °C has minor effects on the
microstructure evolution during ultrafast heating, though increase of
pre-heating temperature results in lower volume fraction of austenite,
and hence martensite upon quenching, due to cementite spheroidiza-
tion [12].
Microstructure evolution in steels during ultrafast heating and short
soaking at the peak temperature is a very complex phenomenon, as it
involves simultaneously recovery, recrystallization, grain growth,
phase transformations and diffusion of alloying elements with carbon
playing the key role. In most of the basic studies, the isothermal soaking
time was taken as short as possible, 0.1–0.2 s [5,7,12,13]. Such short
soaking times cannot be reached during UFH processing of steel on the
existing industrial lines and this is a significant obstacle for im-
plementation of the ultrafast heating in steel industry. It was reported
that longer isothermal soaking time (30 s) can erase the positive grain
refining effect of the ultrafast heating [16]. However, in the current
literature there are no systematic studies on the effect of the isothermal
soaking time at the peak temperature on the microstructure and prop-
erties of steel after ultrafast heating. Fundamental understanding of
microstructure evolution is required to enable an easy determination of
the optimum soaking parameters for microstructural design in the ul-
trafast heat treated steels. Therefore, the main objective of the present
work is to thoroughly study the effect of soaking time on the micro-
structure evolution during ultrafast heating of a low carbon steel.
Conventional heating of the steel followed by detailed microstructural
characterization is also performed for comparison.
2. Material and experimental procedures
2.1. Material
A low carbon steel with chemical composition of 0.19% C, 1.61%
Mn, 1.06% Al, 0.5% Si (in wt%) was selected for this investigation.
Alloys with this composition are typically used in the automotive sector
as transformation induced plasticity (TRIP) assisted steels, which be-
long to the 1st generation of AHSS [17–19]. Two kinds of heating ex-
periments were performed: a) dilatometry measurements to determine
phase transformation temperatures, and b) annealing tests to the in-
tercritical temperature with varying soaking time followed by
quenching. Both types of experiments are described in detail below.
2.2. Dilatometry experiments
As increasing heating rate shifts the recrystallization temperature to
the higher values than the equilibrium one or the one measured at
conventional heating rates [5,13]. Dilatometry measurements were
carried out to determine the phase transformation temperatures AC1
and AC3 of the studied steel as a function of heating rate. For these
experiments, specimens with dimensions of 10x5x1 mm3 were ma-
chined from the as-received material. Tests were carried out in a Bähr
DIL805A/D dilatometer (Bähr-Thermoanalyse GmbH, Hüll-Horst, Ger-
many). Specimens were heated up to 1100 °C with different heating
rates (1, 10, 50 and 200 °C/s) and holding time equal to 0.2 s. Heating
rates above 200 °C/s were not applied due to instability of the system in
that range of heating rates. A K-type thermocouple was welded to the
midsection of each specimen to measure their temperature during ex-
periment. The material was then cooled down to room temperature at
−300 °C/s. The sample expansion/contraction during heating/cooling
was recorded, and the obtained dilatometry curves were analyzed. The
tangent intersection method was applied to determine the start (AC1)
and finish (AC3) temperatures of austenite formation.
2.3. Intercritical heat treatments
For the intercritical heat treatments, strips of 100mm in length and
10mm in width were machined along the rolling direction and heat
treated in a thermo-mechanical simulator Gleeble 3800. A K-type
thermocouple was spot-welded to the midsection of each specimen.
Two different types of heat treatment were applied. In both types, the
thermal cycle was divided into five stages. On the first and second
stages, the specimens were heated at 10 °C/s to 300 °C, followed by a
soaking period of 30 s at 300 °C. These stages simulate a preheating in
some industrial continuous annealing lines to reduce the thermal
stresses during heating. The third stage is heating from 300 °C to the
peak temperature of 860 °C at two different heating rates, 10 °C/s
(conventional heating or CH) and 800 °C/s (ultra-fast heating or UFH)
followed by soaking at 860 °C for 0.2 s. The processed specimens will be
referred to as CH10-0.2s and UFH800-0.2s, respectively. Such a short
soaking time (0.2 s) allows to eliminate the effect of annealing time on
the microstructure and to focus entirely on the effect of heating rate.
The last stage was to cool down the material to room temperature at
~160 °C/s. The peak temperature of 860 °C for intercritical annealing
was selected based on the outcomes of the dilatometry measurements
(see Section 3.1).
To study the effect of soaking time at both heating rates (CH and
UFH), additional heat treatments were performed with higher soaking
time (1.5 s and 30 s). The new generated conditions are referred to as
CH10-1.5s and CH10-30s for the CH treatment, and UFH800-1.5s and
UFH800-30s for the UFH treatment. All applied thermal cycles are
schematically presented in (Fig. 1). In all samples, a minimum length of
10mm of the homogeneously heat treated zone was verified by mi-
crohardness measurements.
2.4. Microstructural characterization
A thorough microstructural characterization of the samples heat
treated in a thermo-mechanical simulator (Fig. 1) was performed.
Specimens for scanning electron microscopy (SEM) studies were ground
and polished to a mirror-like surface applying standard metallographic
techniques with final polishing using OP-U (colloidal silica). The po-
lished specimens were etched with 3 vol% Nital solution for 10 s. Ex-
amination of the microstructure was performed using a FEI Quanta™
450 FEG-SEM operating at an accelerating voltage of 15 kV. Micro-
structure was observed on the RD–ND plane.
Specimens for electron backscatter diffraction (EBSD) analysis were
ground and polished following the same procedure as for SEM images.
Orientation imaging microscopy (OIM) studies were performed using a
FEI Quanta™ Helios NanoLab 600i equipped with a NordlysNano de-
tector controlled by the AZtec Oxford Instruments Nanoanalysis (ver-
sion 2.4) software. The data were acquired at an accelerating voltage of
18 kV, a working distance of 8mm, a tilt angle of 70°, and a step size of
Fig. 1. Schematic representation of the different heat treatments applied to the
studied material.
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65 nm in a hexagonal scan grid. The orientation data were post-pro-
cessed using HKL Post-processing Oxford Instruments Nanotechnology
(version 5.1©) software and TSL Data analysis version 7.3 software.
Grains were defined as a minimum of 4 pixels with a misorientation
higher than 5°. Grain boundaries having a misorientation ≥15° were
defined as high-angle grain boundaries (HAGBs), whereas low-angle
grain boundaries (LAGBs) had a misorientation<15°. Textures are
represented as orientation distribution functions (ODFs) using Bunge
notation [20]. The ODFs were derived from the EBSD scans by super-
imposing Gaussian distributions with a half-width of 5°. The resulting
ODF was represented as a series expansion of spherical harmonics
functions with a maximum rank of the expansion coefficient L= 16.
Texture and grain size calculations were made using scans having area
of ~6000 μm2 which contains at least 1100 grains. The volume frac-
tions of transformed/untransformed grains and recrystallized/re-
covered ferritic grains were determined by a two-step partitioning
procedure described in [5,21]. In this procedure, grains with high
(> 70°) and low (≤70°) grain average image qualities are separated in
a first step, allowing to distinguish between untransformed (ferrite) and
transformed (martensite) fractions, respectively. In the second step,
recrystallized and non-recrystallized ferritic grains are separated using
the grain orientation spread criterion: Grains with orientation spread
below 1° are defined as the recrystallized grains, while grains with an
orientation spread above 1° are defined as the non-recrystallized ones
[22]. It should be noted that another grain average misorientation
based criterion was employed in our recent report [14] for separation of
recrystallized/non-recrystallized grains. Comparison of these two dif-
ferent criteria via analysis of numerous EBSD scans carried out in this
work has shown, that the criterion utilized in the present manuscript
yields better results. The microstructure was characterized on the plane
perpendicular to the sample transverse direction (the RD–ND plane).
X-ray diffraction (XRD) experiments were carried out to determine
the retained austenite volume fraction and its carbon concentration.
Specimens with a surface of 10×5mm2 were prepared following the
same procedure as for the EBSD analysis. The measurements were
performed using a Bruker D8 Advance diffractometer (Bruker AXS,
Karlsruhe, Germany) equipped with a VANTEC position sensitive de-
tector and using Co Kα radiation (λ=1.78897 Å), an acceleration
voltage of 45 kV and current of 35mA. The measurements were per-
formed in the 2θ range from 45° to 130° with a step size of 0.035° and a
counting time per step of 3 s. The volume fraction of retained austenite
was calculated using the Jatczak model as described in [23]. The aus-
tenite carbon concentration, Xc, was estimated from its lattice para-
meter, aγ. The latter was determined from the austenite peak position as
[24]:
= + + +a 0.3556 0.00453 X 0.000095 X 0.00056 Xγ c Mn Al (1)
where aγ is the austenite lattice parameter in nm and Xi represents the
concentration of the alloying element i in wt%. The effect of silicon and
phosphorous is not taken into account, as it is negligible compared to
other elements considered in Eq. (1).
In order to carry out a thorough characterization of nanoscale
constituents in a rapid manner, in 2012 Keller et al. proposed a novel
approach called transmission Kikuchi diffraction (TKD) analysis [25]. It
is based on performing an EBSD analysis in transmission mode. The
method requires very thin samples, similar to those for TEM char-
acterization, and a conventional SEM equipped with EBSD detector. It
can also be combined with transmission electron microscopy (TEM)
analysis. Due to the low thickness of sample, typical SEM voltages are
sufficient for electrons to interact with the material and pass through, to
finally be captured by the EBSD detector. TKD offers better spatial re-
solution (< 10 nm) than EBSD, allowing the resolution of nanoscale
microstructural constituents having 10–30 nm in size [26,27]. It has
been successfully used to analyze oxides and nitrides in aluminium
alloys [28] and stainless steels [29,30], as well as martensite and re-
tained austenite in bainitic steels [31]. In this work, for TKD and TEM
studies, the samples were ground to a thickness of 100 μm and disks of
3mm in diameter were subsequently punched out. The disks were
further thinned in a Struers Tenupol-5 via twin-jet electropolishing
until a central hole appeared. The used electrolyte was composed of 4%
vol. HClO4 in 63% water-diluted CH3COOH under 21 V at 20 °C and a
flow rate equal to 17. TKD data were collected by an EDAX-TSL EBSD
system attached to a FEI Quanta™ 450-FEG-SEM under the following
conditions: accelerating voltage of 30 kV, working distance of 4mm, tilt
angle of - 40°, a beam current of 2.3 nA corresponding to the FEI spot
size of 5, aperture size of 30 μm. TKD measurements were performed
with the step size of 10 nm. The orientation data were post-processed
using TSL Data analysis version 7.3 software. TEM images were ac-
quired in a Jeol (S)TEN JEM-2200FS operated at 200 kV and equipped
with an aberration corrector of the objective lens (CETCOR, CEOS
GmbH) and a column electron energy filter (omega type). XRD, TEM
and TKD measurements were performed on samples CH10-0.2s,
UFH800-0.2s, UFH800-1.5s and UFH800-30s.
3. Results and discussion
3.1. Dilatometry
Fig. 2a represents the typical dilatometry curves for the samples
tested with different heating rates. The AC1 temperature was de-
termined at 5% volume fraction of the transformed phase calculated by
the lever rule (as shown in Fig. 2b). Such relatively high percentage of
the transformed phase was selected as a criterion due to complexity of
the microstructure evolution during heating, which involves various
processes (carbide dissolution, recovery and recrystallization of ferrite,
formation of austenite as observed in [32–34] and described in Section
3) resulting in AC1 temperature range. Once the sample is fully auste-
nitic at the AC3 phase transformation temperature, the expansion be-
comes linear with the temperature. The martensite start temperature Ms
corresponds to the point on the dilatation curve, where the contraction
of austenite during quenching is replaced by expansion due to the
formation of martensite. As it is seen from Table 1, all three transfor-
mation temperatures, AC1, AC3 and Ms, tend to increase with the in-
creasing heating rate.
For the AC1, the pronounced increase from 738 to 781 °C occurs at
the lower heating rates ranging from 1 °C/s to 50 °C/s. On the other
hand, the AC3 temperature just slightly grows from 968 to 971 °C in that
temperature range jumping up to 983 °C at 200 °C/s. It can be hy-
pothesized, that this variation of the AC1 temperature is determined
mainly by nucleation and growth rate of austenitic grains. The nu-
cleation rate at the given elevated temperature grows with the in-
creasing heating rate, since the latter suppresses the recovery effects,
resulting in higher density of lattice defects at the given temperature,
which, in turn, promote phase nucleation. The growth rate of the nu-
cleated austenitic grains is controlled by carbon diffusion [7] and solute
drag effect (by Mn atoms in the studied steel) [35]. Therefore, at the
early stages of phase transformation, the austenite volume fraction at
the given temperature decreases with increasing heating rate. Both
factors result in increasing AC1 temperature with rising heating rate. It
should be noted that similar results were earlier published in [36]. In
this study, a linear dependency of AC1 on the heating rate (Fig. 3) on the
semi-log plot is observed. Similar tendency of AC1 on the heating rate
for ferritic-pearlitic microstructure has been reported in [37,38]. The
nucleation and growth depend on the heating rate exponentially [38].
Moreover, the extrapolation of this behavior to low heating rates
(0.2 °C/s) shows an equilibrium temperature of 720 °C, which is very
close to the theoretical one (723 °C), thus confirming the linear char-
acter of this dependence. Therefore, this approach can also be used to
predict the AC1 temperature at high heating rates. Particularly, for
800 °C/s, the AC1 temperature is about 808 °C (Fig. 3). On the other
hand, the dependence of AC3 temperature on the heating rate is less
pronounced. Similar observations were reported earlier in [39].
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Therefore, the intercritical temperature of 860 °C was selected as the
peak temperature for both CH and UFH treatments (see Section 2.3).
Increasing heating rate during heat treatment with full austeniti-
zation followed by immediate cooling leads to increment of the Ms
temperature. This effect is produced because the higher applied heating
rate results in the higher amount of defects in the microstructure in-
duced by cold rolling. As recovery is diffusion controlled [40], higher
density of lattice defects is retained in the microstructure due to shorter
time at elevated temperatures. This effect was observed previously in
Fig. 2. a) Dilatometry curves from dilatometry tests with different heating rates; b) Schematic diagram of an experimental dilatometry curve (measured at 1 oC/s) to
calculate AC1 and AC3 temperatures via tangent intersection principle and lever rule.
Table 1
Effect of the heating rate on the phase transformation temperatures: AC1, AC3
and Ms.
Heating rate (°C/s) AC1 (°C) AC3 (°C) Ms (°C)
1 738 968 483
10 760 969 489
50 781 971 498
200 793 983 530
Fig. 3. Effect of heating rate on the AC1 temperature.
M.A. Valdes-Tabernero, et al. Materials Characterization 155 (2019) 109822
4
[41,42]. In addition, at high heating rates carbides remain undissolved
in the microstructure, leading to a formation of austenite with lower
carbon content and, hence, a higher Ms compared to the conventional
heating rates. Therefore, the steepest increment on Ms is produced,
when heating rate grows from 50 °C/s to 200 °C/s leading to an increase
of transformation temperature from 498 °C to 530 °C. On the other
hand, in the range of lower heating rates from 1 to 50 °C/s the Ms
temperature just slightly varies.
3.2. SEM characterization
The supplied material shows a typical cold rolled microstructure
consisting of elongated grains of deformed ferrite with volume fraction
of 76% and pearlite with volume fraction of 24% (Fig. 4).
The microstructure after CH treatment with soaking time of 0.2 s,
1.5 s and 30 s is presented in Fig. 5a,b,c, respectively, whereas re-
maining images illustrate the microstructure after UFH treatment. In all
cases, the material presents a complex microstructure formed by a
ferritic matrix (consisting of recrystallized and recovered ferritic grains)
with embedded martensite and retained austenite grains. However, it
strongly depends on the applied heat treatment parameters. During CH
treatment, the material presents a similar microstructure independently
on the soaking time, while the latter has very significant effect on the
microstructure formed after UFH treatment.
CH treatment generates a ferritic matrix with homogeneous mi-
crostructure consisting of equiaxed grains, as previously observed in
[5]. On the other hand, UFH results in the matrix microstructure con-
sisting of fine equiaxed grains and larger elongated grains surrounded
by martensitic grains. The large grains may grow from the heavily
deformed ferrite located in the vicinity of pearlite colonies, as the latter
are not able to accumulate high plastic strain during rolling. Hence, the
higher energy stored in the heavily deformed ferritic areas leads to a
faster grain growth [40]. Some Widmanstätten ferritic grains are also
observed in the UFH samples after soaking for 1.5 and 30 s (marked by
white arrows on Fig. 5h,i) possibly formed at the early stages of cooling.
Those ferrite plates are surrounded by bainite.
Spheroidized cementite (SC) is also observed in samples UFH-0.2s
and UFH-1.5s (marked by red dashed arrows on SEM micrographs
presented on Fig. 5). It is related to the short time (0.2–1.5 s) of the heat
treatment, as reported previously by Castro Cerdá et al. [5,43], and
fully dissolved after soaking for 30 s. A very small region with
spheroidized cementite particles was also observed in the CH-0.2 s
sample, although its amount is negligible (Fig. 5a).
3.3. EBSD characterization
EBSD technique was used to precisely quantify and characterize the
different microconstituents formed in the material after both heat
treatments. The results of EBSD analysis are outlined in Table 2. CH
treatment leads to a microstructure mainly formed by a ferritic matrix,
whose volume fraction remains constant (~86–87%) and martensite
volume fraction slightly increases from 10.6% to 12.5% with the
soaking time. As volume fraction of ferrite does not vary with soaking
time (i.e. the amount of intercritical austenite formed at the peak
temperature does not depend on the soaking time), the martensite in-
crement can be attributed to the partial transformation of austenite into
martensite by deformation during sample preparation. This indicates
that retained austenite is less stable caused by the homogenization of
carbon distribution in its interior after longer soaking times. Although
the UFH process generates similar microstructure with the same mi-
crostructural constituents, there are significant variations in the volume
fractions of different phases with respect to the CH treatment. The
volume fraction of ferrite noticeably decreases with increasing soaking
time from 90.9% at 0.2 s to 75.9% at 30 s, while the volume fraction of
martensite shows the opposite trend. As the volume fraction of retained
austenite remains stable (2.1–2.2%), it is possible to assure that the
decrease of ferrite fraction is directly associated to the formation of
martensite. On the other hand, the difference in ferrite and martensite
volume fractions between CH and UFH conditions can be explained by
the spheroidization of cementite during heating. First, the nucleation of
austenite occurs at the α/cementite interface [44]. With conventional
heating (CH), the cementite spheroidizes [7] reducing the amount of
preferable sites for austenite formation and resulting in longer soaking
time to reach the equilibrium. The main fraction of the inter-critical
austenite is transformed into martensite during cooling. On the other
hand, during UFH treatment the peak temperature is reached in< 1 s
which dramatically reduces the amount of spheroidized cementite and,
thus, increases the driving force for austenite nucleation at the more
favorable α/cementite interfaces.
The morphology of the ferritic matrix in the CH and UFH heat
treated samples also presents significant differences. The EBSD analysis
revealed both recrystallized and recovered grains in the ferritic matrix.
Fig. 6 represents the fraction of recrystallized ferrite in the ferritic
matrix for all analyzed conditions. It is seen that, while the CH treat-
ment leads to a homogeneous ferritic matrix, where almost 90% of
ferrite is recrystallized, the UFH processing generates a matrix micro-
structure formed by recrystallized and non-recrystallized (i.e. re-
covered) ferritic grains. After UFH treatment, the volume fraction of
recrystallized ferrite increases from ~50% after 0.2 s to ~67% after
30 s. So, while the recrystallization process is completed during CH
treatment already after soaking for 0.2 s, it is delayed during UFH
process. Similar observations were previously reported in [43,45,46].
This effect is due to the competition of different processes, such as
austenite formation and further grain growth, reducing the driving
force for recrystallization. For short soaking time (0.2 s), the re-
crystallization is the controlling process, which results in a very low
martensite volume fraction (Table 2), similar to the CH treatment, and a
significant volume fraction of recrystallized ferrite present in the ma-
terial (Fig. 6). However, after soaking for longer time (1.5–30 s), other
processes become dominant over recrystallization, such as the nuclea-
tion and growth of austenite into ferrite and ferrite grain growth
[10,16]. The first effect results in the higher volume fraction of mar-
tensite present in the UFH800-30s (Table 2) and the decrease in volume
fraction of recrystallized ferrite with increasing soaking time from 1.5
to 30 s (Fig. 6). The latter effect is discussed more in detail below
(Figs. 7 and 8).
Fig. 7 represents the IPF maps for recrystallized (a,b,c) and non-
Fig. 4. Initial ferritic-pearlitic microstructure of the steel after 50% cold re-
duction, being ferrite in grey and pearlitic colonies in white.
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Fig. 5. SEM micrographs showing the effect of heating rate (10 and 800 °C/s) and soaking time (0.2 to 30 s) on the microstructure: a), b) and c) correspond to 10 °C/s
for 0.2, 1.5 and 30 s, respectively; d), e) and f) correspond to 800 °C/s for 0.2, 1.5 and 30 s, respectively. Higher magnification images g), h) and i) show micro-
structures heated at 800 °C/s for 0.2, 1.5 and 30 s, respectively; j) higher magnification image of spheroidized cementite (SC) in the sample heated at 800 °C/s for
1.5 s. Spheroidized cementite is marked by dashed red arrows, while white arrows indicate Widmanstätten ferrite (WF). Ferrite is marked as F, and M/RA stands for
martensite/retained austenite. Etched with Nital (3%). (For interpretation of the references to color in this figure legend, the reader is referred to the web version of
this article.)
Table 2
Effect of the heating rate and soaking time on the volume fractions of phases present in the studied material.
Condition (s) CH UFH
0.2 1.5 30 0.2 1.5 30
Ferrite (%) 86.3 ± 2.4 87.4 ± 2.7 85.8 ± 1.6 90.9 ± 4.0 85.3 ± 2.8 75.9 ± 4.6
Martensite (%) 10.6 ± 1.7 10.8 ± 1.6 12.5 ± 1.6 6.9 ± 3.2 12.6 ± 3.1 22.0 ± 3.0
Retained austenite (%) 3.1 ± 0.7 1.8 ± 0.6 1.7 ± 0.1 2.2 ± 0.4 2.1 ± 0.3 2.1 ± 1.9
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recrystallized (d,e,f) ferrite after UFH for 0.2, 1.5 and 30 s, respectively.
It is seen in Fig. 7a,b, that the vast majority of the grains are in the early
stage of growth, presenting a size ≤1.5 μm, although it is possible to
observe grains which have fully recrystallized and grown, i.e. grains
without LAGBs and with low misorientations in their interior. This
observation was also reported by Castro Cerda et al. [5]. When soaking
time increases to 30 s, the fraction of fine grains decreases due to their
growth, and the presence of larger grains is more evident (Fig. 7c). The
non-recrystallized grains demonstrate significant misorientation in the
interior of the grains indicating formation of substructure in-
dependently on the applied soaking time (Fig. 7d,e,f).
The evolution of the grain size distribution for recrystallized ferrite
is clearly visible and quantified in Fig. 8a,b,c, where the grain size is
plotted vs. the area fraction for the UFH800-0.2s, UFH800-1.5s and
UFH800-30s, respectively (blue lines). It is observed that the mean peak
shifts to higher values and widens. For instance, in the samples
UFH800-0.2s and UFH800-1.5s the fraction of grains with a size below
1.5 μm is 52% and 56%, respectively, while after longer soaking it
decreases to 36% indicating the growth of the small grains nucleated at
shorter times. A second peak at higher grain size is noticeable in-
dicating the presence of the large grains mentioned above. The intensity
of the second peak decreases with soaking time, as the microstructure
becomes more homogeneous (Fig. 8c). The histogram of grain size
Fig. 6. Evolution of volume fraction of recrystallized ferrite with respect to the
total fraction of ferrite with heating rate and soaking time.
Fig. 7. IPF maps after UFH treatment showing the recrystallized (a, b, c) and non-recrystallized (d, e, f) ferrite after 0.2, 1.5 and 30 s, respectively. HAGBs are shown
in black and LAGBs in white.
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distribution for non-recrystallized ferritic grains (red lines in Fig. 8)
presents a similar character in comparison to the recrystallized ones.
The primary peak shifts to the higher values becoming wider, when
soaking time is increased. The fraction of grains having size above
2.5 μm increases from 59% at 0.2 s to 68% at 1.5 s to 73% after 30 s.
This effect can be produced by the coalescence of grains after partial
recrystallization indicated by the presence of HAGBs. Nevertheless, the
non-recrystallized grains are larger compared to the recrystallized ones
after all soaking times. On the other hand, the ferritic matrix in the CH
condition is formed mainly by recrystallized equiaxed grains, and its
microstructure is not affected by soaking time (Fig. 8d).
It is well known that high heating rates lead to a smaller grain size
[6,10,13,47,48], as it is shown for the studied steel in Fig. 8. This is
caused, among other reasons, by the short time given to the α/α in-
terface to grow. On the one hand, after CH treatment the re-
crystallization and grain growth processes are completed independently
on the applied soaking time. The grain size is also not affected by
soaking time, as intercritical austenitic grains act as barriers for the
ferritic grains suppressing their further growth. On the other hand, the
UFH treated conditions show a bimodal distribution of grain size. The
presence of the two differentiated regions on the histograms can be
rationalized by the interplay of two main effects:
(1) the effect of the initial heterogeneous microstructure related to
different amounts of strain accommodated by individual ferritic
grains, as shown in Fig. 4;
(2) the effect of heating rate. A higher heating rate results in a re-
crystallization process taking place at higher temperatures, as dis-
cussed above, and, thus, in a higher nucleation rate due to the high
density of defects [13,43,48].
The nuclei formed within the highly deformed areas possess higher
driving force to grow and coalesce due to the high energy stored during
cold rolling, resulting in the larger grains. On the other hand, nuclei
generated within the less deformed regions present reduced driving
force for growth. Moreover, due to the short time of the heat treatment,
remains of individual cementite particles (which were not completely
dissolved during inter-critical annealing) located at grain boundaries
effectively pin grain boundaries suppressing grain growth and coales-
cence [49–51] (Fig. 5g,h,i). As the material is heated up to an inter-
critical temperature, another important factor comes into play: For-
mation of austenite and its growth competes for the energy stored in the
material. The austenitic grains nucleate in carbon enriched areas, i.e.
within pearlitic colonies. It can be assumed that the intensive nuclea-
tion of austenitic grains takes place within pearlitic colonies which
were severely deformed, rotated or broken during cold rolling, resulting
in reduction of distance between cementite plates. As is well known, the
austenite nucleation rate is inversely proportional to the inter-lamellar
spacing of pearlite [12]. The austenite grows firstly into the pearlite
until it is dissolved and then into ferrite, as it is seen in Fig. 5. Com-
petition of all these processes during UFH treatment results in the mi-
crostructure with finer grains (Figs. 5, 8).
Fig. 9 represents the equivalent circle diameter of martensite plotted
versus area fraction. For the CH condition, at short soaking time (0.2 s)
most of the martensite grains were formed from ultrafine austenitic
grains, as the major peak lies below 1 μm (Fig. 9a). Increasing soaking
time up to 1.5 s, the curve shifts to the right, indicating the growth of
the earlier formed nuclei. Finally, after annealing for 30 s, the decrease
of the main peak intensity is accompanied by increase in the area
fraction at 3 μm, displaying that the austenite has entered the growth
stage after the nucleation after short soaking times. In the case of the
UFH800-0.2s, the curve is similar to the CH condition with the same
Fig. 8. a), b), c) Representation of the equivalent circle diameter (ECD) versus area fraction for recrystallized (RX) and non-recrystallized (Non RX) ferrite after UFH
with soaking for 0.2, 1.5 and 30 s, respectively; d) grain diameter versus area fraction for ferrite after CH treatment. Data are obtained from the EBSD measurements.
(For interpretation of the references to color in this figure, the reader is referred to the web version of this article).
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soaking time. However, the fraction of larger grains having a size of
4–5 μm increases. This behavior can indicate that the austenite nu-
cleation is accompanied by a growth, due to the fact that the material
has higher energy compared to the CH condition because of the low
amount of spheroidized cementite and the higher carbon gradients
present in the material, both produced by the rapid heating. It is more
pronounced after 1.5 s, where the main peak has reduced, but there is
an increase of the fraction of larger grains. The result of this effect is the
rise of the martensite fraction in the overall microstructure. Finally,
after 30 s the peak spreads to higher values, as it happens in the ferrite,
showing an intense growth of the austenite grains during soaking.
3.4. Texture analysis
To analyze evolution of the preferable crystallographic orientation
of ferritic grains, texture analysis was carried out for all studied con-
ditions. Fig. 10a represents the ideal positions of the most important
texture components in BCC lattice, while Fig. 10b shows the orientation
distribution function (ODF) of the initial cold-rolled material.
Fig. 10c,d,e display the ODFs for the CH samples annealed for 0.2, 1.5
and 30 s, respectively, while Fig. 10e,f,g represent the UFH conditions
soaked for 0.2, 1.5 and 30 s, respectively. The initial cold-rolled mate-
rial is represented by the ND {111}‹uvw› and RD {hkl}‹110› fibers, with
a maxima corresponding to {111}‹110› components. Similar texture
was found previously in cold-rolled low carbon steels [52,53]. On the
other hand, the CH samples (Fig. 10c,d,e) present an opposite curvature
in the ND fiber compared to the initial cold-rolled microstructure and
lower intensity in the RD fiber. Both effects can be associated with the
recrystallization in the ferritic matrix [4]. In the UFH conditions
(Fig. 10f,g,h), the ODFs display texture similar to the initial cold-rolled
condition (Fig. 10b), with a strong intensity in the ND fiber compo-
nents, indicating that complete recrystallization has been delayed.
However, its intensity is reduced with increasing soaking time. This
effect can be attributed to onset of recrystallization during intercritical
annealing for> 1.5 s and increasing fraction of recrystallized grains
with soaking time revealed by EBSD analysis (Fig. 6, Section 3.3), as the
initial ND fiber grains in the cold rolled steel present the higher stored
energy [54].
The alpha fiber in the UFH treated material is also affected by
soaking time. While a significant fraction of gamma fiber components
recrystallized during UFH due to higher energy stored during cold
rolling (compared to the alpha fiber components) [55,56], a lower
fraction of alpha possesses energy (i.e. driving force) sufficient for re-
crystallization. So the RD fiber intensity is retained to large extent
during UFH treatment.
3.5. XRD analysis
XRD measurements were carried out to analyze the evolution of
retained austenite and its carbon content with soaking time. The results
are listed in Table 3 and compared to the values obtained by TKD (see
Section 3.6).
After short annealing (soaking for 0.2 s), the CH sample presents a
higher retained austenite fraction compared to the UFH condition. The
CH treatments lead to phase fractions closer to the ones at the equili-
brium condition since there is more time for the austenite to nucleate
and grow (Table 2). In the CH10-0.2s sample, taking into account
fractions of both phases (i.e. retained austenite measured by XRD in
Table 3 and martensite determined by EBSD in Table 2), the total
fraction of austenite formed during intercritical annealing is close to
20%. The effect of soaking time on the retained austenite volume
fraction for the UFH samples has two different trends. For short soaking
times (0.2 s, 1.5 s), both nucleation and growth of intercritical austenite
take place, as it is observed from the martensite fraction (see Section
3.3). Then, the volume fraction of austenite rises slightly from 6.6% to
6.9% with increasing time within the short range (Table 3). This effect
indicates, that the nucleation stage plays a more important role com-
pared to the growth stage, as there is a significant austenite fraction,
which retains after rapid cooling, with a carbon concentration similar
to the CH condition. Eventually, when the soaking time increases up to
30 s, the austenite fraction at the peak temperature increases due to the
longer time to nucleate and grow, as there is a significant fraction of
martensitic grains having a size below 1 μm (Fig. 9), but its carbon
concentration decreases up to 0.7% reducing the amount of retained
austenite down to 5.2%.
The volume fractions of retained austenite measured by XRD
(Table 3) are considerably higher than the values determined by EBSD
(Table 2). This effect is produced by the large difference in the depth of
the analyzed area being approximately 1 μm for XRD and 50 nm for
EBSD [57]. As is well known, the metastable retained austenite gen-
erates a local increase in volume during transformation into martensite
[58]. As phase transformation on the surface allows an easier accom-
modation of this volume change, the surface retained austenite grains
are more prone to phase transformation during sample preparation,
that reduces the amount of retained austenite detected by EBSD [57].
Meanwhile, XRD is able to detect retained austenite present in the bulk
material, which has not transformed into martensite. Moreover, it
should be noted that although the spatial resolution of the EBSD is
reasonably high (65 nm in step size), it is not sufficient for detection of
the finest austenite grains present in the microstructure, revealed by
TEM analysis (see Section 3.6). Similar conclusions were drawn for
other steel grades containing metastable austenite, such as Q&P steels
in [59,60].
3.6. TEM and TKD analysis
To study the evolution of microstructure during soaking on na-
noscale, TKD analysis combined with TEM characterization were
Fig. 9. Martensite ECD vs area fraction for CH (a) and UFH (b) for different soaking times: 0.2 s, 1.5 s and 30 s.
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carried out on CH10-0.2s and UFH after 0.2, 1.5 and 30 s samples.
Fig. 11 represents the phase maps of the different samples analyzed by
TKD. They are in a good accordance with the outcomes of the EBSD
measurements presented above (see Section 3.3). Larger ferritic grains
are observed in the CH10-0.2s samples (Fig. 11a) compared to those
seen in the UFH samples (Fig. 11b,c,d). In addition, the CH treatment
results in equiaxed ferritic grains without LAGBs in their interior
(Fig. 11a) due to the longer treatment time, while the UFH leads to an
inhomogeneous microstructure with varying grain size and a higher
fraction of LAGBs (Fig. 11b,c,d).
Values of retained austenite volume fraction measured by TKD are
provided in Table 3. They are higher compared to those determined by
EBSD. This effect is caused by higher spatial resolution of the TKD
technique, which enables to resolve nanoscale microstructural con-
stituents having 10–30 nm in size [27]. Discrepancies between the vo-
lume fractions of retained austenite determined by XRD and those
measured by TKD should also be noted. Unlike in the XRD measure-
ments, a very local area is analyzed by TKD which leads to statistically
insignificant data. Moreover, the TKD results highly depend on the
quality of the studied samples. If the electropolishing step is in-
homogeneous, there are significant differences in the foil thickness
Fig. 10. Effect of heating rate and soaking time on the orientation distribution function (ODF) of the studied material for φ2= 45° in the Euler space; a) ideal BCC
texture components for φ2= 45° in the Euler space; b) ODF of the initial cold rolled material, reproduced from [5]; c), d) and e) ODF corresponding to the CH
conditions annealed for 0.2, 1.5 and 30 s, respectively; f), g) and h) correspond to the UFH conditions soaked for 0.2, 1.5 and 30 s, respectively.
Table 3
Effect of the heating rate and soaking time on the retained austenite volume
fraction and its carbon content measured by XRD and TKD analysis.
Condition XRD TKD
(%) % C (wt.) (%)
CH10-0.2s 7.9 0.77 4.8
UFH800-0.2s 6.6 0.80 8.1
UFH800-1.5s 6.9 0.77 4.9
UFH800-30s 5.2 0.70 4.4
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Fig. 11. Phase maps obtained from TKD analysis in a) CH10-0.2s and UFH for 0.2 s (b & c), and 1.5 s (d)). Figure c) shows a detailed region in figure b). Figure e)
represents the diffraction pattern of the austenite marked in figure d). Ferrite is shown in red and austenite in green. HAGBs are represented in black and LAGBs in
white. Large regions in black are areas with a confidence index (CI) lower than 0.1. (For interpretation of the references to color in this figure legend, the reader is
referred to the web version of this article.)
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through the sample. If a local area is too thick, the electrons are unable
to pass through and reach the detector, as their initial energy is orders
of magnitude less compared to the ones generated in TEM which results
in the non-indexed areas. Similar effect occurs when the foil is too thin,
as too many electrons cross the specimen and reach the detector
[26,61]. Diffraction patterns were taken from different austenitic re-
gions observed by TKD in all samples, in order to prove the presence of
austenite in the material, as it is shown in Fig. 11e).
Fig. 12. TEM images after UFH treatment for a) 0.2 s, c) 1.5 s and e) 30 s; KAM maps for b) 0.2 s, d) 1.5 s and f) 30 s obtained from the TKD analysis. White dashed
arrows indicate the increase in misorientation in the ferritic matrix due to the martensite formation (HAGBs in black, LAGBs in white).
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Fig. 12a,c,e shows TEM images illustrating microstructure evolution
during UFH treatment of the steel within the non-recrystallized areas
(as discussed in Sections above). Fig. 12b,d,f illustrate the corre-
sponding KAM maps of the corresponding regions extracted from the
TKD analysis. Formation of dislocation walls and other configurations is
observed after UFH 0.2 s treatment, which are represented in form of
lines with local misorientation< 1° on KAM maps (Fig. 12a,b). Dis-
location walls associated to recovery were reported elsewhere [49,62].
Longer soaking time of 1.5 s allows further dislocation climb and re-
arrangement and onset of LAGBs formation (Fig. 12c,d). Finally, an-
nealing for 30 s results in formation of an energetically favorable sub-
structure in the grain interior (Fig. 12e) with local misorientation at
LAGBs reaching 4° (Fig. 12f). In Fig. 12e,f, enhanced local dislocation
density and increased local misorientation are clearly seen also in the
ferritic matrix near the martensite/ferrite interface (marked by white
arrows). It is related to accommodation of the plastic micro-strain in-
duced by the volume expansion due to the austenite/martensite trans-
formation during rapid cooling. This observation was reported earlier
for DP steels [63].
The outcomes of this study clearly indicate that the microstructure
of the low carbon steel is very sensitive to the soaking time at the peak
temperature during UFH treatment. This provides an additional tool for
microstructural design in carbon steels by manipulating also the
soaking time in addition to the heating rate [5] and initial micro-
structure [12] of steels. Grain size, volume fraction of martensite, vo-
lume fraction of non-recrystallized and recrystallized ferrite can be
optimized via the correct balance of the heat treatment parameters, so
steels with the excellent combination of high strength and ductility can
be manufactured [5]. The approach can be applied to all carbon steels.
4. Conclusions
The effect of heating rate and soaking time on the microstructure of
the heat-treated low carbon steel was studied using SEM, EBSD, XRD,
TKD and TEM techniques. The following conclusions can be drawn.
1. A complex multiphase, hierarchic microstructure mainly consisting
of ferritic matrix with embedded martensite and retained austenite
is formed after all applied heat treatments. There is significant effect
of soaking time on the microstructure of the UFH treated steel, while
it does not affect the microstructure evolved in the CH treated ma-
terial.
2. There is a strong effect of heating rate on the microstructure of the
ferritic matrix. The CH treatment results in the ferritic matrix con-
sisting mainly of equiaxed recrystallized grains independently on
the soaking time, while fine recrystallized grains and larger non-
recrystallized (i.e. recovered) ferritic grains are present in all UFH
treated conditions. The fraction of recrystallized ferritic grains
generally tends to increase with increasing soaking time. Combined
TEM and TKD study proved directly that the recovery process starts
with formation of dislocation walls via dislocation climb and re-
arrangement, which gradually transform into LAGBs.
3. Volume fraction of martensite tends to increase with increasing
soaking time during UFH treatment due to suppression of cementite
spheroidization, which, in turn, reduces the amount of energetically
favorable sites for austenite nucleation and results in longer soaking
time to reach the equilibrium at the inter-critical peak temperature.
4. Based on the outcomes of the XRD analysis, it is possible to conclude
that UFH treatments results in slightly lower amount of retained
austenite compared to CH treatment. The amount of retained aus-
tenite and carbon content therein tend to slightly decrease with
increasing soaking time after UFH treatment due to lower carbon
gradients in the material before rapid cooling.
5. TKD analysis allows to precisely identify and analyze the retained
austenite nanograins and other nanoscale elements of the complex
microstructure along with the local misorientations due to
dislocation generation and rearrangement.
6. TKD and TEM proved that local volume expansion due to austenite-
martensite phase transformation during rapid cooling induces dis-
locations into the ferritic grains.
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A B S T R A C T
The main objective of this study is to understand the effect of the soaking time during the ultrafast heat
treatment of a low carbon steel on its complex multi-phase microstructure, tensile mechanical behavior and
properties of individual microconstituents. Tensile tests were performed to determine the macro-mechanical
properties. Nanoindentation testing was carried out on individual microconstituents (martensite, recrystallized
ferrite and non-recrystallized ferrite) identified a priori via EBSD analysis to measure their properties. It is shown
that ultrafast heating combined with short soaking times results in improved macro-mechanical properties due
to finer grain size and higher fraction of non-recrystallized ferrite, that has a higher nanohardness than re-
crystallized ferrite. Prolonged soaking times eliminate the advantages of the ultrafast heat treatment. This occurs
because, even though a long soaking time promotes a higher volume fraction of martensite than a short one, it
also induces substantial grain growth and complete recrystallization of the ferritic matrix. On the micro-scale,
the ferritic grains show two different types of mechanical response. The recrystallized ferritic grains are prone to
show pop-in events on the nanoindentation curves that are associated to dislocation nucleation events as a
consequence of their low dislocation density, while non-recrystallized ferritic grains demonstrate a continuous
response. The relationship between microstructure and mechanical properties on the macro- and micro-scales is
discussed with respect to the microstructure, which in turn strongly depends on the applied heating rate and
soaking time. A general recipe for microstructural design to improve the tensile mechanical behavior of low
carbon steels implementing controlled heating and soaking conditions is outlined.
1. Introduction
Steel is the most widely used material in the automotive sector [1].
However, the steel and automotive industries have been challenged by
safety and carbon emission regulations imposed by the regulatory
bodies. An improvement in the mechanical properties of steels is a
potential solution to allow manufacturing of lighter components, thus
reducing the total weight of the car, the fuel consumption and the
carbon footprint. Moreover, the current paradigm in the steel proces-
sing industry is based on relatively long-time thermal treatments. This
puts the steel sector at the top of the list of energy consumers and
carbon dioxide emitters [2]. In order to decrease the required amount
of energy and cut down the greenhouse emissions, new processing
routes were developed over the last decade, such as the rapid heat
treatment. It was firstly proposed by Lolla et al. [3] in 2011, who named
it “flash processing”, while another term “ultra-fast heating” (UFH) has
been used by other researchers [4,5]. The principle lies on the appli-
cation of high heating rates (≫ 100 °C/s) to heat the material instead of
the conventional rates used nowadays (≤ 10 °C/s) in combination with
short soaking times. The rapid heating to an intercritical or fully aus-
tenitic peak temperature is followed by short soaking and immediate
quenching to room temperature. The very short time required to per-
form the whole process (≪ 10 s) dramatically reduces the energy con-
sumption [6] and has the potential of increasing the strength of the
final product provided the final microstructure is carefully controlled.
The microstructure of the UFH processed steels depends on nu-
merous factors including chemical composition, initial microstructure
and the key heat treatment parameters (heating rate, peak temperature
and soaking time) [7]. The main body of research in this field is focused
on the effect of processing parameters on the microstructure of low
carbon steels [8–12]. It has been demonstrated that UFH rates lead to
the formation of a complex multiphase microstructure with ferrite,
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martensite and some low amount of retained austenite as the main
microconstituents. A heterogeneous microstructure was revealed in the
ferritic matrix [13], as recrystallization and recovery processes occur
simultaneously due to the shifting of recrystallization temperature to
higher values [11,14]. As a result, the grain size is reduced [12]. The
increase of peak temperature increases both the fractions of re-
crystallized ferrite and the austenite (i.e. martensite) [15]. The grain
size also tends to increase with peak temperature [16]. As a con-
sequence, the martensite formed after quenching is softer due to
homogenization of the carbon distribution. On the other hand, the
isothermal soaking time has always been kept as short as possible
(< 0.5 s) [5,17] to avoid grain growth, which occurs during longer
soaking [18], thus eliminating the grain refinement effect of the UFH
treatment.
The effect of UFH on the mechanical properties has not been deeply
studied yet. Higher mechanical strength without a significant reduction
in ductility has been reported for ultrafast heated steels compared to
conventionally heated ones [19,20]. These studies, however, focused
entirely on their tensile mechanical properties. It is well-known that
macro-mechanical response of multi-phase materials is determined by
the morphology, architecture and properties of the individual micro-
constituents [21]. The latter depend, in turn, on their internal lattice
structure (i.e. defect density) [22]. Up to date there have been no sys-
tematic studies on the properties of the individual microconstituents in
ultrafast heated steels. Understanding the effect of the ultrafast heating
parameters on them and their role on the overall mechanical properties
of ultrafast heated steels could provide us with a valuable tool for the
microstructural design of advanced high strength steels via optimiza-
tion of the ultrafast heating process. Therefore, the main aim of this
work is to study the effect of soaking time on the microstructure and
properties of the individual microconstituents, as well as to link them to
the properties of the low carbon steel at the macro-scale.
2. Material and experimental procedures
2.1. Material
The chemical composition of the low carbon steel selected for this
investigation is shown in Table 1. Alloys with this composition are ty-
pically used in the automotive sector as transformation induced plas-
ticity (TRIP) assisted steels. The material was supplied in the form of
50% cold rolled sheets with a thickness of 1mm having a ferritic-
pearlitic microstructure which consists of 76% of ferrite and 24% of
pearlite.
2.2. Intercritical heat treatment
The material was subjected to different heat treatments using a
thermo-mechanical simulator Gleeble 3800. Strips of 100mm in length
and 10mm in width were machined along the rolling direction of the
cold rolled sheet. A K-type thermocouple was spot-welded to the mid-
section of each strip. Two different types of heat treatment were ap-
plied. In both types, the thermal cycle was divided into five stages. In
the first and second stages, the specimens were heated at 10 °C/s to
300 °C, followed by a soaking period at 300 °C for 30 s. These stages
simulate a preheating in some industrial continuous annealing lines to
reduce the thermal stresses before heat treatment. The third stage is
heating from 300 °C to the intercritical peak temperature of 860 °C at
two different heating rates: 10 °C/s (conventional heating or CH) and
800 °C/s (ultra-fast heating or UFH) followed by soaking at 860 °C for
0.2 s. The processed specimens will be referred to as CH10-0.2s and
UFH800-0.2s, respectively. Such a short soaking time (0.2 s) allows
eliminating the effect of annealing time on the microstructure and
mechanical properties, and to study entirely the effect of heating rate.
The last stage was rapid cooling of the material to room temperature at
~300 °C/s, which is well above the critical cooling rate [23].
To study the effect of soaking time at the peak temperature, addi-
tional heat treatments with longer soaking time (1.5 s and 30 s) were
performed for both CH and UFH. These conditions are referred to as
CH10-1.5s and CH10-30s for the CH treatment, and UFH800-1.5s and
UFH800-30s for the UFH treatment. In all samples, a minimum length
of 10mm of the homogeneously heat treated zone was verified by
hardness measurements.
2.3. Microstructural characterization
Microstructural characterization of the heat treated samples was
performed through scanning electron microscopy (SEM) and electron
backscatter diffraction (EBSD) analysis. Specimens were ground and
polished to a mirror-like surface applying standard metallographic
techniques with final polishing using OP-U (colloidal silica). For SEM
characterization, polished specimens were etched with 3 vol% nital
solution for ~10 s. The EBSD studies were performed using a FEI
Quanta™ Helios NanoLab 600i equipped with a NordlysNano detector
controlled by the AZtec Oxford Instruments Nanoanalysis (version 2.4)
software. The data were acquired at an accelerating voltage of 18 kV, a
working distance of 8mm, a tilt angle of 70°, and a step size of 65 nm in
a hexagonal scan grid. The orientation data were post-processed using
HKL Post-processing Oxford Instruments Nanotechnology (version
5.1©) software and TSL Data analysis version 7.3 software. Grains were
defined as a minimum of 4 pixels with a misorientation ≥ 5°. Grain
boundaries having a misorientation ≥ 15° were defined as high-angle
grain boundaries (HAGBs), whereas low-angle grain boundaries
(LAGBs) had a misorientation < 15°. The volume fractions of trans-
formed/untransformed grains and recrystallized/recovered ferritic
grains were determined by a two-step partitioning procedure described
in Ref. [24]. In this procedure, grains with high and low grain average
image qualities are separated in a first step, allowing to distinguish
between transformed (martensite) and untransformed (ferrite) frac-
tions. In the second step, recrystallized and non-recrystallized ferritic
grains are separated using the grain orientation spread criterion: Grains
with orientation spread below 1° are defined as the recrystallized
grains, while grains with an orientation spread above 1° are defined as
the non-recrystallized ones [25]. The density of geometrically necessary
dislocations (GNDs) was calculated from the local misorientations fol-
lowing the procedure described in Ref. [26]. Microstructure was ob-
served on the plane perpendicular to the sample transverse direction
(the RD–ND plane).
For transmission Kikuchi diffraction (TKD) and transmission elec-
tron microscopy (TEM) studies, the samples were ground to a thickness
of 100 μm and disks of 3mm in diameter were subsequently punched
out. The disks were further thinned in a Struers Tenupol-5 via twin-jet
electropolishing until a central hole appeared. The used electrolyte was
composed of 4% vol. HClO4 in 63% water-diluted CH3COOH under
21 V at 20 °C and a flow rate equal to 17 for this Struers device. TKD
data were collected by an EDAX-TSL EBSD system attached to a FEI
Quanta™ 450-FEG-SEM, under the following conditions: accelerating
voltage of 30 kV, working distance of 4mm, tilt angle of - 40°, a beam
current of 2.3 nA corresponding to FEI spot and aperture sizes of 5 and
30 μm respectively. TKD measurements were performed with a step size
of 10 nm. The orientation data were post-processed using TSL Data
analysis version 7.3 software. TEM images were acquired in a JEOL
(S)TEM JEM-2200FS operated at 200 kV and equipped with an aber-
ration corrector of the objective lens (CETCOR, CEOS GmbH) and a
column electron energy filter (omega type).
Table 1
Chemical composition of the studied material (wt. %).
C Mn Al Si
0.19 1.61 1.06 0.50
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2.4. Mechanical characterization
Vickers hardness tests were performed on the RD–ND plane for all
heat treated samples after metallographic preparation by grinding and
polishing using 1 μm diamond paste. Tests were done using a square
base pyramid shaped diamond mounted in a Shimadzu HMV Micro
Hardness Tester, applying a load of 4.9 N.
Dog bone sub-size tensile samples were machined from the homo-
geneously heat treated zone of the processed strips. Tensile axis was
parallel to the RD. The samples had a gauge length of 4mm, a gauge
width of 1mm and a thickness of 1mm. They were carefully ground
and mechanically polished using OP-U (colloidal silica) at the final
stage. Tensile tests were carried out at room temperature using a
Kammrath&Weiss testing module equipped with a 1 kN load cell at a
constant cross head speed corresponding to an initial strain rate of 10−3
s−1 until failure. At least three specimens were tested for each condi-
tion, and the results were found to be reproducible. It should be noted
that a very thin (~15 μm) decarburized layer formed on the surface of
all heat treated strips was removed before any mechanical testing.
Nanoindentation tests were performed on a HysitronTI950
Triboindenter using a diamond Berkovich tip on square areas having a
size of ~10×10 μm2, which were a priori analyzed by EBSD (as de-
scribed in Section 2.3) to identify the individual microconstituents. At
least ten areas were tested for each material's condition. In order to
target specific phases/grains, these square areas were scanned prior to
nanoindentation, using the scanning probe microscopy (SPM) mode of
the instrument. Nanoindentation tests were carried out in displacement
control mode at a constant strain rate (ε̇=ḣ/h) of 0.07 s−1, where h is
the penetration depth and ḣ the penetration rate of indenter. At least 20
indents were performed on each microconstituent at an imposed max-
imum depth of 150 nm. The nanohardness was determined from the





Fig. 1 shows the evolution of the microstructure with soaking time
of the CH (Fig. 1a–c) and UFH (Fig. 1d–f) samples. All conditions ex-
hibit a heterogeneous microstructure with martensitic grains embedded
into a ferritic matrix. EBSD analysis showed that some retained auste-
nite is also present (see Section 3.1.2). Qualitative analysis of the SEM
images shows that the heating rate plays a key role in the formation of
the final microstructure. There is no significant effect of the soaking
time on the microstructure of the CH samples (Fig. 1a–c), while its ef-
fect becomes apparent in the UFH samples (Fig. 1d–f). The UFH treat-
ment with soaking times of 0.2 and 1.5 s generates a heterogeneous
ferritic matrix formed by a mixture of fine and coarse grains, which are
dispersed in the microstructure (Fig. 1d and e). Spheroidized cementite
is also observed caused by the short time of the heat treatment (see
Fig. 1d). Soaking for 30 s leads to a more homogeneous microstructure
of the matrix with no cementite particles (Fig. 1f). Generally, the CH
treatment produces a more homogeneous microstructure compared to
the UFH one. There is no variation of microstructure through the
thickness of all heat treated strips.
3.1.2. EBSD analysis
EBSD was used for the quantitative characterization of the multi-
phase microstructure developed in the material after all heat treat-
ments. The results are summarized in Table 2. The microstructure
formed after CH processing is mainly composed by a ferritic matrix,
martensite and retained austenite. The ferrite fraction does not vary
with soaking time (~86–87%). The ferritic matrix is composed of re-
crystallized (Rx) and non-recrystallized (non-Rx) ferritic grains. The
vast majority of ferrite present in the CH material is recrystallized. It's
volume fraction remains nearly constant (~90–92%) independently on
the soaking time. On the other hand, the volume fraction of martensite
slightly increases with soaking time from 10.6% at 0.2 s to 12.5% after
soaking for 30 s, while the retained austenite shows the opposite trend
decreasing from 3.1% to 1.7%, respectively. The UFH treatment results
in a similar microstructure, but the volume fraction of micro-
constituents greatly varies with soaking time. In the UFH samples, the
volume fraction of ferrite decreases significantly with soaking time
from ~91% after 0.2 s to ~76% after 30 s. Moreover, the morphology of
the ferritic matrix also evolves during soaking. In the UFH-0.2s sample,
the matrix is mainly composed of non-Rx ferritic grains (~52%), while
Rx ferritic grains dominate in the matrix of the UFH-30s sample, and
volume fraction of the non-Rx grains drops down to~ 33%. On the
contrary, the volume fraction of martensite tends to increase with
soaking time from ~7% to ~22% after 30 s. During UFH treatment, the
volume fraction of retained austenite remains constant independently
on the soaking time. Hence, the decrease of ferrite volume fraction is
directly linked to the formation of martensite.
Fig. 1. SEM images showing the effect of heating
rate (10 & 800 °C/s) and soaking time (0.2–30 s)
on the microstructure: a), b) and c) correspond to
10 °C/s for 0.2, 1.5 and 30 s, respectively; d), e)
and f) correspond to 800 °C/s for 0.2, 1.5 and 30 s,
respectively. F: ferrite; M: martensite; RA: re-
tained austenite; SC: spheroidized cementite.




In order to characterize the mechanical properties of the steel after
both heat treatments, hardness tests were performed for all studied
conditions. Their outcomes are summarized in Table 3. It is seen that
the UFH treatment leads to higher hardness values compared to the CH
treatment for the given soaking time. The highest difference between
CH and UFH is observed for 0.2 s, where the average hardness is 241
HV0.5 for the CH and 252 HV0.5 for the UFH conditions. This differ-
ence in average hardness is slightly reduced after 1.5 s soaking time
(239 HV0.5 for CH versus 245 HV 0.5 for UFH), while soaking for 30 s
results in similar hardness values, within error, for CH and UFH con-
ditions, having average hardness values in the range of 264–267 HV
0.5.
In addition to the hardness tests, tensile tests of sub-size samples
were performed for all studied conditions. The representative en-
gineering stress - engineering strain curves are shown in Fig. 2. Data on
mechanical properties determined from the engineering stress – en-
gineering strain curves (0.2% proof strength σ0.2, ultimate tensile
strength σUTS, uniform elongation εu and elongation to failure εf) are
listed in Table 4. It is seen that the UFH treatment leads to higher σ0.2-
values for any soaking time compared to the CH treatment. While after
UFH treatments the σ0.2-values are not affected by soaking time laying
between 441 and 448MPa, after CH treatments the σ0.2 increases from
362MPa after soaking for 0.2 s to 410MPa after soaking for 30 s.
Moreover, the UFH treatment leads to higher ultimate tensile strength
compared to the CH treatment for the same soaking time. After soaking
for 0.2 s, the σUTS is 926MPa for the UFH sample, while it is 886MPa
for the CH counterpart. The difference in σUTS between treatments is
reduced with increasing soaking time up to 1.5 s, where the UFH
sample presents similar result as after 0.2 s, being 925MPa, while σUTS
in the CH sample increases to 900MPa. Longer soaking time (30 s)
induces a significant increase in the σUTS compared to the shorter
soaking times for both CH and UFH being 960 and 1010MPa, respec-
tively.
3.2.2. Micro-mechanical characterization of individual microconstituents
In order to study the effect of the heating rate and soaking time on
the mechanical properties of the individual microconstituents present
in the material, nanoindentation tests on individual grains were per-
formed. The individual microconstituents were determined a priori by
EBSD analysis (Fig. 3a) and verified by SPM (Fig. 3b). The outcomes of
the nanoindentation testing are summarized in Table 5. The nano-
hardness data are presented for ferrite and martensite. Retained aus-
tenite was not analyzed due to its low volume fraction and very small
grain size (Table 2). Additionally, for the UFH samples, the nanohard-
ness results for the ferritic matrix are presented separately for re-
crystallized (Rx) and non-recrystallized (non-Rx) ferritic grains. It
should be mentioned that no nanohardness data are presented for non-
Rx ferrite in the CH treated samples due to its low volume fraction
(Table 2) that makes difficult to obtain reliable statistical data. The
recrystallized ferritic grains present similar nanohardness between 2.6
and 2.8 GPa in all studied conditions. On the other hand, the UFH
treatment leads to formation of the non-Rx ferrite with higher nano-
hardness compared to their recrystallized counterparts independently
of the soaking time. The nanohardness of the non-Rx ferrite in the UFH
sample does not vary with soaking time being in the range between 3.2
and 3.3 GPa. Martensitic grains showed the highest nanohardness in all
studied conditions. In the UFH treated samples, martensite tends to
soften with increasing soaking time. For a short soaking time (0.2 s) the
martensite shows nanohardness of 7.6 GPa, which is reduced after
longer soaking times to 7.4 GPa (after 1.5s) and finally to 6.1 GPa (after
30 s). On the other hand, evolution of the martensite hardness during
CH treatment is ambiguous, having values of 8.1, 6.7 and 7.2 GPa for
soaking times of 0.2, 1.5 and 30 s, respectively.
Two different types of mechanical response were observed on the
nanoindentation curves (Fig. 3 c). While all load-depth curves from
martensitic grains presented a continuous character, pop-ins were
present in most of the curves from ferritic grains. Pop-ins are sudden
penetration bursts during the loading segment of the test. Pop-ins might
Table 2
Effect of the heating rate and soaking time on the volume fraction of phases present in the studied material.
Heating rate CH UFH
Soaking time (s) 0.2 1.5 30 0.2 1.5 30
Martensite (%) 10.6 ± 1.7 10.8 ± 1.6 12.5 ± 1.6 6.9 ± 3.2 12.6 ± 3.1 22.0 ± 3.0
Retained austenite (%) 3.1 ± 0.7 1.8 ± 0.6 1.7 ± 0.1 2.2 ± 0.4 2.1 ± 0.3 2.1 ± 1.9
Ferrite (%) 86.3 ± 2.4 87.4 ± 2.7 85.8 ± 1.6 90.9 ± 4.0 85.3 ± 2.8 75.9 ± 4.6
Rx ferrite 91.8 ± 2.0 90.3 ± 4.6 91.3 ± 4.7 48.4 ± 9.8 61.8 ± 13.0 67.2 ± 7.9
Non-Rx ferrite 8.2 ± 2.0 9.7 ± 4.6 8.7 ± 4.7 51.6 ± 9.8 38.2 ± 13.0 32.8 ± 7.9
Table 3
Hardness of the material in all studied conditions.
Heating rate CH UFH
Soaking time (s) 0.2 1.5 30 0.2 1.5 30
Hardness (HV0.5) 241 ± 5 239 ± 6 264 ± 11 252 ± 4 245 ± 5 267 ± 10
Fig. 2. Representative engineering stress – engineering strain curves for the CH
and UFH samples after soaking for 0.2 and 30 s (For interpretation of the re-
ferences to color in this figure, the reader is referred to the web version of this
article).
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have different origins but, in this case, are associated with a transition
from an elastic to an elasto-plastic contact, that is typically encountered
in crystals with a low dislocation density [22,28,29]. The lower the
dislocation density, the larger the probability of indenting on a dis-
location free volume and the larger the expected pop-in load. This is
because, as proposed by Shim et al. [22], as the indenter penetrates, the
stressed volume is enlarged, and so does the probability of finding a
region which contains pre-existing dislocations, so that the indenter
triggers their multiplication [30], thus generating the pop-in event.
Therefore, it becomes illustrative to analyze the range of pop-in
loads observed in this case, as a signature of the dislocation density
distribution in each phase. For this, we introduced a criterion of 3 nm as
the minimum displacement discontinuity for identification of a pop-in
Ref. [31]. In agreement with the hypothesis, pop-ins occurred in most
of the Rx ferritic grains and in a slightly lower fraction of the non-Rx
ones in all conditions. The results are plotted in Fig. 4. Fig. 4a re-
presents the average pop-in load for Rx ferrite. It is seen that the pop-in
load remains constant, with an average value of ~430 μN, in all cases.
However, the standard deviation tends to decrease with soaking time
for both heat treatments. On the other hand, Fig. 4b compares the pop-
in load of Rx and non-Rx ferrite after the UFH treatment for different
soaking times. In this case, the average pop-in load in the non-Rx grains
is lower than the one measured in the Rx grains for any soaking time,
but the difference is reduced with soaking time. It is interesting to note
that the standard deviation in the non-Rx ferritic grains increases with
soaking time, reaching similar values to the ones obtained for the Rx
grains at 30 s.
4. Discussion
4.1. Microstructure – properties relationship in the UFH steel
The higher hardness measured in the steel after UFH treatment
(Table 3) can be rationalized based on two factors. First, the suppres-
sion of recrystallization in ferrite during rapid heating [5,7,9,11,14,19]
leads to a higher volume fraction of non-Rx ferrite, which shows higher
nanohardness compared to the recrystallized one (Table 5) due its
higher dislocation density. Second, rapid heating leads to reduced grain
size compared to conventional treatments in low carbon steels
[4,16,32] increasing the strength of the UFH treated material according
to the Hall-Petch effect. However, the higher amount of martensite
present in the CH material compared to the UFH one (Table 3) provides
additional strengthening. A slight decrease of the average hardness in
the UFH treated samples with increasing soaking time from 0.2 s to 1.5 s
can also be noted, although the standard deviation is also higher. This
outcome may be produced by the larger fraction of Rx ferrite and
coarser grains compared to the UFH800-0.2s counterpart, but some-
what compensated by the higher martensite volume fraction. For longer
soaking time (30 s), the hardness tends to increase in both CH and UFH
samples (Table 3) as a result of the increased martensite fraction and
the reduction of the ferritic volume fraction (Table 2). On the other
hand, standard deviation is largely scattered, as indentations are greatly
affected by the local microstructure within the plastic zone.
The growth in yield strength and ultimate tensile strength with
soaking time observed in the CH samples (Table 4) can be associated
with both the slight reduction in the Rx ferrite volume fraction and the
Table 4
Tensile mechanical properties of the material in all studied conditions.
Heating rate CH UFH
Soaking time (s) 0.2 1.5 30 0.2 1.5 30
σ0.2 362 ± 1 391 ± 30 410 ± 3 444 ± 12 441 ± 8 448 ± 3
σUTS 886 ± 3 900 ± 28 960 ± 21 926 ± 20 925 ± 10 1010 ± 7
εu (%) 25 ± 1 21 ± 4 21 ± 1 24 ± 1 18 ± 2 21 ± 1
εf (%) 33 ± 1 31 ± 3 31 ± 2 33 ± 1 30 ± 2 29 ± 3
Fig. 3. a) Band slope EBSD map with marked spots (grains) for further na-
noindentation; b) SPM image of the corresponding area with indents inside
ferritic (1) and martensitic (2) grains; c) Representative load – depth curves for
martensite (red), ferrite (blue) and Hertzian elastic contact solution (black).
(For interpretation of the references to color in this figure, the reader is referred
to the web version of this article).
Table 5
Nanohardness values for ferritic (Rx and non-Rx) and martensitic grains.
Heating rate CH UFH
Soaking time (s) 0.2 1.5 30 0.2 1.5 30
Rx ferrite (GPa) 2.7 ± 0.2 2.6 ± 0.2 2.7 ± 0.2 2.6 ± 0.1 2.6 ± 0.1 2.8 ± 0.2
Non-Rx Ferrite (GPa) 3.2 ± 0.2 3.1 ± 0.2 3.3 ± 0.3
Martensite (GPa) 8.1 ± 1.0 6.7 ± 1.4 7.2 ± 2.0 7.6 ± 2.4 7.4 ± 1.1 6.1 ± 1.0
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rise in the martensite fraction (Table 2). In the Rx ferritic grains, plastic
deformation begins at an earlier stage than in the non-Rx ones due to
their lower strength (Table 5). This rise of the yield and ultimate tensile
strength occurs at the expense of ductility which is slightly reduced
with soaking time. On the other hand, there is no significant effect of
soaking time on yield strength for the UFH treated samples, although all
cases present higher values compared to their CH counterparts. For
short soaking times, the matrix is hardened due to the presence of a
high fraction of non–Rx ferrite. The percentage of the non-Rx ferrite
decreases with increasing soaking time. However, additional hardening
due to the rise of martensite volume fraction compensates softening due
to recrystallization [33]. The ultimate tensile strength is mainly domi-
nated by the martensite volume fraction [34]. Nevertheless, the higher
volume fraction of martensite does not affect greatly the ductility
shown by the UFH treated material, as it is similar to that measured in
the CH material. This effect is produced by the coarser micro-
constituents formed during UFH treatment, and by the lower carbon
content present in the martensite, as it is seen from the nanohardness
results (Table 5). It is well known that strength of martensite is related
to the carbon content [33], and that the plastic deformation accom-
modated by the individual microconstituents is inversely proportional
to their nanohardness [35] resulting in high ductility of the material.
The ductility of the material was also studied in terms of the strain
hardening behavior of the UFH material. In order to analyze the work
hardening behavior of the UFH samples, the common power-law re-
lationship (1) from Ref. [36].
=σ kεn (1)


















where σa and εa represents the true stress and true strain in the point a,
respectively.
Fig. 5 presents the strain hardening behavior with true strain in the
UFH samples after soaking for 0.2 s and 30 s. It is seen that at low
strains (< 0.05), the UFH800-0.2s sample shows a lower strain hard-
ening rate compared to the UFH800-30s counterpart. This effect can be
produced by the higher volume fraction of ferrite formed after soaking
for 0.2 s in contrast to soaking for 30 s, which has a higher martensite
fraction, requiring a lower stress for the onset of plastic deformation in
the ferritic matrix. However, for higher strains, where work hardening
is crucial to suppress necking [37], the strain hardening coefficient
decreases faster in the sample soaked for 30 s in comparison with that
soaked for 0.2 s. This can be caused by the presence of a ferritic matrix
mainly composed of Rx ferrite in the UFH800-30s, contrary to the 0.2 s
sample, where the non-Rx ferrite dominates in the matrix (Table 2). The
non-Rx ferrite presents a substructure, and it is harder than the Rx
ferrite, as it is seen from the nanoindentation results (Table 5), thus
increasing the strain hardening of the UFH800-2s material. However,
the difference between both conditions is somehow reduced due to the
presence of martensite in the UFH800-30s. As was reported by Refs.
[38,39], martensite islands embedded into the ferritic matrix intensify
plastic deformation in the surrounding ferrite, contributing to an in-
crease in the strain hardening of the matrix.
4.2. Effect of the UFH processing on the micro-mechanical response of
individual microconstituents
The UFH processing with short soaking time (0.2 s) gives a short
time for austenite to nucleate and grow. Therefore, a lower martensite
fraction is formed after quenching in comparison to the longer soaking
periods (1.5 s and 30 s) (Table 2). As the solubility of carbon in ferrite is
very low [40], the martensite present in the UFH800-0.2s samples is
enriched in carbon. Thus, the high nanohardness observed in marten-
site (Table 5) formed in the UFH sample soaked for 0.2 s can be at-
tributed to its high carbon concentration, as martensite hardness
strongly depends on the carbon content [41] and dislocation density
[42]. The martensite nanohardness tends to decrease with soaking time
as a consequence of the homogenization of carbon inside the austenitic
grains during intercritical annealing and, thus, in martensitic grains
Fig. 4. a) Pop-in load for the Rx ferritic grains after CH (blue) and UFH (red)
treatments for different soaking times (0.2, 1.5 and 30 s); b) Variation in pop-in
load with soaking time for Rx and non-Rx ferritic grains after UFH treatment.
Rx stands for ‘recrystallized’ (red), Non-Rx stands for ‘non-recrystallized’ (blue).
(For interpretation of the references to color in this figure, the reader is referred
to the web version of this article).
Fig. 5. Representative curve of strain hardening rate vs. true strain for UFH
after soaking for 0.2 s (red) and 30 s (orange). (For interpretation of the refer-
ences to color in this figure, the reader is referred to the web version of this
article).
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formed therefrom during quenching. Similar results were reported for
Quenching & Partitioning steels in Ref. [43]. However, the standard de-
viation of nanohardness in the UFH sample soaked for 0.2 s
(± 2.4 GPa) was higher than in the samples soaked for 1.5 s
(± 1.1 GPa) or 30 s (± 1.0 GPa). This may be associated with the
much shorter time at high temperatures, which shortens the diffusion
distance for carbon atoms [19], leading to deviations in the local carbon
concentration in different austenitic grains as well as in their interior.
The standard deviation tends to decrease from±1.1 GPa after soaking
for 1.5 s to± 1.0 GPa after soaking for 30 s. However, this high scatter
in the standard deviation of both samples is mainly caused by the
growth of some austenitic grains during soaking at peak temperature,
which are transformed into martensite during quenching, producing
fine martensitic grains enriched with carbon and larger martensitic
grains with lower carbon content. In the CH samples, short soaking time
(0.2 s) leads to a harder martensite compared to the longer soaking
time, which can be attributed to the higher carbon concentration pre-
sent in fine grains, as in the case of the UFH material. It should be noted
that in this case, standard deviation increases with soaking time as a
consequence of the intense growth of some austenite grains during
soaking, which transform into martensite during the cooling stage, as it
was shown in our recent work [13].
Variation of soaking time during UFH treatment also modifies the
ferritic matrix and its dislocation structure. The Rx ferrite formed after
both CH and UFH treatments presents low orientation gradients within
individual grains and, therefore, low strain heterogeneities, as it can be
seen from the kernel average misorientation (KAM) maps on Fig. 6. All
KAM maps were calculated for the 3rd nearest neighbor, and 5° of
upper limit with an accuracy of the used EBSD system better that 0.5°.
On the other hand, the non-Rx ferrite presents much higher mis-
orientations (2-3°) compared to its Rx counterparts (0-1°) for any
soaking time. The higher misorientations in the non-Rx ferritic grains
are associated with the residual strains and geometrically necessary
dislocations (GNDs) [44,45] which result in a higher nanohardness
compared to the Rx grains (Table 5). The KAM maps of the Rx ferritic
grains formed after CH treatment are similar to those for the Rx grains
observed for the UFH one, as shown in Fig. 6a–c.
These results confirm the interpretation of the variations in pop-in
load with soaking time found in the nanoindentation curves of the
ferritic matrix, as presented in section 3.2.2. In agreement with the
expectations, the average and the dispersion of pop-in loads show a
correlation with the morphology of ferrite. The pop-ins in the Rx ferrite
appear at similar loads independently on the heating rate or soaking
time, with only a slight reduction in dispersion with soaking time. In
contrast, in the non-Rx ferrite, the pop-in loads are substantially
smaller, indicative of a higher dislocation density, and increase
Fig. 6. The KAM maps for the sample after UFH treatment showing the Rx (a, b & c) and non-Rx (d, e & f) ferrite after 0.2 s, 1.5 s and 30 s, respectively. The HAGBs
are shown in black and LAGBs in white. (For interpretation of the references to color in this figure, the reader is referred to the web version of this article).
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Fig. 7. a, b & c) Evolution of the GND density for Rx (in red) and non-Rx (in blue) ferrite during UFH treatment after soaking for 0.2, 1.5 and 30 s, respectively. (For
interpretation of the references to color in this figure, the reader is referred to the web version of this article).
Fig. 8. a) TEM image after UFH treatment for 0.2 s; b) KAM map of the same area obtained from the TKD analysis. The EBSD map gives an idea for the sensitivity of
the TKD to determination of the dislocation density. F indicates ferrite, whereas M refers to martensite.
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significantly with soaking time (Fig. 4). The value for a 30 s soaking
time is similar to that of the Rx grains (Table 5), indicating a reduction
in dislocation density during annealing to levels similar to the Rx
grains.
The presence of higher dislocation density in the non-Rx ferrite
compared to the Rx counterpart is confirmed by the GND density ob-
tained from EBSD analysis (Fig. 7), being ~ 1.5–3·1014 m−2 and
~0.5–1·1014 m−2, respectively. The density of GNDs is calculated from
the local misorientations following the method described by Field et al.
[26], with an imposed maximum misorientation equal to 5°. The ana-
lysis also confirms that the difference in GND density between Rx and
non-Rx ferrite decreases with increasing soaking time. After soaking for
30 s, annihilation of dislocations during the recovery stage is almost
complete, and the dislocation substructure is formed mainly from sub-
grains with misorientation between 5 and 15°, which are not detected
by KAM mapping, resulting in similar dislocation density in re-
crystallized and recovered grains.
It should be noted that austenite-martensite phase transformation
during quenching can also introduce dislocations into Rx and non-Rx
ferrite due to local volume expansion of martensite, which has to be
accommodated by the ferritic matrix. This is clearly illustrated in Fig. 8,
where dislocations (marked by arrow) are generated in the interior of
recrystallized ferritic grain (marked by F in Fig. 8 b) near ferrite/
martensite interface due to local micro-deformation induced by auste-
nite-martensite phase transformation (marked by M in Fig. 8b). These
dislocations also reduce the dislocation free volume and might affect
the nano-mechanical response of the given ferritic grain.
4.3. General recipe for microstructural design in low carbon steels via
ultrafast heating
The present work shows that the correct balance of the heat treat-
ment parameters can activate and make all strengthening mechanisms
in the steel operate in such a way as to obtain an excellent combination
of strength and ductility. The size and distribution of the martensitic
phase plays a very important role. At a fixed volume fraction, fine
martensite grains are more beneficial for improvement of mechanical
strength and ductility retention, than the coarse martensitic grains
formed after the CH treatment. First, the small martensite grains have a
higher hardness than the coarse ones due to their higher carbon con-
tent, as demonstrated by nanoindentation (see Section 3.2.2). Second,
they also provide a higher particle strengthening effect [46]. Fine
martensite grains can be generated via refining the initial ferritic-
pearlitic microstructure in the low carbon steel before ultrafast heating,
and using a shorter soaking time (~1 s), which suppresses the growth of
austenitic grains at the intercritical temperature. Significant attention
should be paid to the ratio of recrystallized/recovered grains in the
ferritic matrix. The optimum volume fraction of recrystallized ferrite in
the matrix is ~50–60%, due to the following reasons. First, the non-
recrystallized ferrite provides additional strengthening effect due to its
enhanced mechanical strength arising from its higher dislocation den-
sity. Second, it plays a stabilizing role in the strain-hardening process,
thus delaying localization of plastic deformation and necking, i.e. im-
proving the overall ductility of the material. In the studied material,
such ratios of recrystallized/recovered ferritic grains are also achieved
after short soaking time (~1 s), while higher soaking time (> 10 s)
dramatically increase the fraction of recrystallized ferrite grains.
5. Conclusions
The effect of heating rate (10 °C/s and 800 °C/s) and soaking time
(0.2 s–30 s) on the mechanical behavior of low carbon steel was studied
at the macro- and micro-scales and related to the microstructural evo-
lution. The following conclusions can be drawn.
1) The UFH treated steel shows a higher mechanical strength with
somewhat lower ductility compared to the CH treated counterparts,
independently of the soaking time at the peak temperature. Soaking
time does not affect yield strength of the UFH treated material,
whereas its ultimate tensile strength increases with soaking time. In
the CH treated material, yield and ultimate tensile strength tend to
increase with soaking time. This dependence is determined by the
evolution of the volume fraction and carbon content of martensite,
the ratio of recovered and recrystallized ferrite, and the size of the
microconstituents.
2) In all the studied conditions, the martensite grains show the highest
nanohardness followed by recovered ferrite and recrystallized fer-
rite. The nanohardness of the martensite grains depends on the
applied heat treatment parameters and appears to be inversely
proportional to their volume fraction, as the latter defines the local
carbon concentration due to very low solubility of carbon in the
ferritic matrix.
3) Two different types of nanomechanical response is shown by the
ferritic matrix. The vast majority of recrystallized ferrite grains de-
monstrated pop-ins on the nanoindentation curves, while recovered
ferrite grains are less prone to show such behavior. Correlation with
the density of GNDs in ferrite as a function of processing parameters
indicate that the pop-in load correlates directly with the dislocation
density, i.e., the lower the dislocation density, the bigger the
probability of encountering a bigger dislocation free volume under
the indenter tip and a higher the pop-in load is required to trigger
plasticity. As a result, recrystallized ferrite shows a higher range of
pop-in loads in comparison with the non-recrystallized ferrite, with
a difference that reduces with soaking time due to recovery of the
non-recrystallized ferrite.
4. Recovered ferrite shows higher nanohardness compared to the re-
crystallized ferrite due to its higher dislocation density. The matrix
condition significantly affects the yield strength of the material. A
high fraction of harder non-recrystallized ferritic grains increases
the yield strength and slightly reduces the work hardening ability of
the material.
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A B S T R A C T   
In this work, we investigate the sensitivity of the microstructure and mechanical properties of an ultrafast heat 
treated low carbon-steel to the peak temperature. In all studied cases, the steel was heated within the intercritical 
temperature range (i.e. between the AC1 and AC3 temperatures). Both the peak temperature and soaking time 
were varied, and their effect on the size, the fraction of individual microstructural constituents and their tensile 
mechanical response were investigated. It is shown that the increasing peak temperature and soaking time 
promote austenite formation and recrystallization processes in the ferritic matrix. The highest nanohardness is 
shown by martensitic grains, while recovered ferrite demonstrated slightly higher nanohardness compared to 
recrystallized ferrite. The applied heat treatment parameters have a strong effect on the nanohardness of 
martensite, whereas the nanohardness of ferrite microconstituents is not sensitive to variations of peak tem-
perature and soaking time. The non-recrystallized ferrite is harder than its recrystallized counterpart due to the 
higher dislocation density of the former. Increasing peak temperatures promote strengthening in the material at 
the expense of its ductility mainly due to increased martensite fraction. The steel demonstrates enhanced strain 
hardening ability independently of the peak temperature. Analysis of the experimental results showed that the 
industrial processing window of �10 
�
C may lead to some heterogeneity of the local microstructure in the ul-
trafast heat treated sheets. However, the latter should not have any negative effect on the overall mechanical 
behavior of the ultrafast heat treated steel sheets on the macro-scale.   
1. Introduction 
Steel sheets manufacturing is a multistage process, where the steel is 
subjected to several rolling operations and finally to a heat treatment, 
which determines its final microstructure and, therefore, its properties. 
The standard approach for processing advanced high strength steels 
(AHSS) is based on the homogenization of the microstructure at elevated 
temperatures followed by cooling with well controlled rates [1]. The 
typical route used to manufacture components for the automotive in-
dustry, where steel is the primarily used material [2], is a relatively long 
process resulting in very high energy consumption and carbon dioxide 
emission [3]. A potential solution to decrease the CO2 emissions pro-
duced by vehicles is to reduce the total weight of the car, without 
compromising passengers’ safety. In order to do so, the mechanical 
properties of the car components should be improved. Therefore, the 
steel industry is continuously looking for new solutions to fulfill the 
current societal demands by processing the steel in the most 
environmentally-friendly manner. Hence, in the last decades, new pro-
cessing routes were developed, such as the rapid or “flash processing” 
treatment [4,5]. In literature, this process is also referred to as “ultra-fast 
heating” (UFH) [6,7] or “ultra-rapid annealing” (URA) [8,9]. It is based 
on heating the material to intercritical or fully austenitic temperature 
with heating rates well above 100 �C/s, which is at least one order of 
magnitude higher than the conventional heating rates (�10 �C/s), fol-
lowed by a short soaking at peak temperature and immediate quenching 
to the room temperature. Thus, the treatment time and the energy 
consumed for the process are significantly reduced [10]. 
Complex multiphase microstructure consisting of ferrite and 
martensite and some retained austenite is typically formed after UFH 
treatment. The resulting microstructure and properties of the UFH- 
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treated material are greatly affected by the initial microstructure as well 
as the heat treatment parameters, such as heating rate, soaking time and 
peak temperature [11]. It has been reported that high heating rates in-
crease the austenite start and finish temperatures [12,13]. Moreover, in 
low carbon steels, recrystallization temperature tends to increase with 
increasing heating rate and may even exceed the austenite start tem-
perature (AC1) [14,15]. Hence, ferrite to austenite transformation takes 
place in a non-recrystallized matrix, which leads to the formation of 
numerous austenite nuclei, while the ferritic matrix undergoes recrys-
tallization and recovery simultaneously. Thus, a complex microstructure 
with finer grain size is developed [16]. In order to promote grain 
refinement, the isothermal soaking time is typically kept as short as 
possible   in the 0.1–0.2 s range [7,11,15,17]. However, such soaking 
times constitute a challenge for the steel sector due to its difficult 
implementation in the current industrial lines, impeding the expansion 
of this processing route. Slightly longer soaking times (1–3 s) can be a 
feasible solution to maintain the reduced grain size brought about by 
ultrafast heating [18], but only if the effect of other processing param-
eters is well understood. One key parameter is the peak temperature, as 
it influences the mechanism of the austenite formation and growth. At 
conventional heating rates, the austenite formation kinetics are deter-
mined by carbon diffusion, whereas at ultrafast heating rates, formation 
of austenite starts by carbon diffusion control, which is later overtaken 
by a massive mechanism [7,9,19]. The martensite formed after 
quenching gets softer due to higher volume fraction of intercritical 
austenite and reduced carbon content therein [20]. Additionally, the 
recrystallized ferrite volume fraction in the heat treated steel tends to 
increase with increasing peak temperature [21]. Despite the significant 
effect of peak temperature on the final microstructure of the UFH treated 
steels, there are no systematic studies focused on the microstructure 
sensitivity to the peak temperature variations. In addition, it is impor-
tant to simulate real industrial conditions, as the typical industrial 
processing temperature window of �10 �C is about one order of 
magnitude higher compared to that maintained in a laboratory dila-
tometry or thermo-mechanical simulator (�1 �C) [7,11]. Therefore, it is 
essential to understand the effect of peak temperature ranges during 
UFH on the microstructure and properties in order to select the optimum 
conditions. 
The reported studies on the UFH treatment of steels have mainly 
focused on microstructure and basic mechanical properties (hardness, 
tensile strength, ductility). In Refs. [17,22], it was reported that the UFH 
treatment leads to an improvement on the material strength compared 
to the conventional heat treatment, without a reduction in ductility. 
However, although it has been shown in many studies that mechanical 
behavior of multi-phase materials at the macroscale depends on the 
morphology, architecture and properties of the individual micro-
constituents [1,23,24], there are no such in-depth studies on the UFH 
treated steels. Hence, understanding the heat treatment parameter-
s-microstructure-properties relationship both at macro- and micro-scales, 
is necessary to develop specific microstructures and properties and to 
design and optimize precise UFH treatments depending on the re-
quirements and specifications of the final product. Therefore, the 
objective of this work is to investigate the influence of peak temperature 
and short soaking times (�1.5 s) on the microstructure and properties of 
the individual microstructural constituents, as well as to relate both to 
the macro-mechanical response of the material. 
2. Material and experimental procedures 
2.1. Material 
The chemical composition of the low carbon steel selected for this 
investigation was 0.19% C, 1.61% Mn, 1.06% Al, 0.5% Si (in wt. %). The 
as-received material was a 1 mm thick sheet (50% cold rolled) with a 
microstructure of 76% of ferrite and 24% of pearlite (Fig. 1). This ma-
terial was subjected to two kinds of heating experiments: a) dilatometry 
measurements to determine the formation of austenite at different 
intercritical temperatures, and b) annealing tests to different inter-
critical temperatures with varying soaking time followed by quenching. 
Both types of experiments are described in detail below. 
2.2. Dilatometry experiments 
Dilatometry measurements were carried out to analyze the austeni-
tization kinetics at different temperatures for the same heating rate. For 
these experiments, specimens with dimensions of 10x5x1 mm3 were 
machined from the as-received material. Tests were carried out in a B€ahr 
DIL805A/D dilatometer (B€ahr-Thermoanalyse GmbH, Hüll-Horst, Ger-
many). A K-type thermocouple was welded to the midsection of each 
specimen to control their temperature during the experiment. Speci-
mens were heated from room temperature to different temperatures in 
the intercritical region (860 �C, 880 �C and 900 �C) at 200 �C/s and 
soaked for 600 s. Then, specimens were heated to a maximum temper-
ature of 1100 �C at 200 �C/s and soaked for 0.2 s (to ensure full auste-
nitization) followed by quenching to room temperature at   300 �C/s. 
The volume fraction of the austenite phase formed during isothermal 
holding was obtained via analysis of the dilatometry data applying the 
lever rule to the dilatation-time curve [25]. 
2.3. Intercritical heat treatment 
Strips having a length of 100 mm and width of 10 mm were cut along 
the rolling direction from the cold rolled sheet. A K-type thermocouple 
was spot-welded to the midsection of each strip. A thermo-mechanical 
simulator Gleeble 3800 was used to perform heat treatments. At the 
first stage of heat treatments, samples were heated at 10 �C/s to 300 �C 
and kept at this temperature for 30 s to simulate a preheating in some 
industrial continuous annealing lines to minimize the thermal stresses 
during heating. At the second stage, a number of the samples were 
heated from 300 �C at 800 �C/s (which corresponds to the ultrafast 
heating rate) to the intercritical peak temperature of 860 �C followed by 
soaking for 0.2 s or 1.5 s and quenching to room temperature with 
cooling rate of ~160 
�
C/s. Hereafter, these specimens will be referred to 
as UFH860-0.2s and UFH860-1.5s, respectively. 
To investigate the influence of peak temperature, additional heat 
treatments with maximum temperatures equal to 880 �C and 900 �C and 
same soaking times (0.2 s and 1.5 s) were performed. These conditions 
are referred to as UFH880-0.2s and UFH880-1.5s for the 880 �C, and 
UFH900-0.2s and UFH900-1.5s for the 900 �C heat treatment. Micro-
structural analysis and hardness measurements along the axis of the heat 
treated strips showed a homogeneously heat treated zone having a 
length of 10 mm. The specimens processed by the Gleeble thermo- 
Fig. 1. Initial ferritic-pearlitic microstructure of the material after 50% 
cold reduction. 
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mechanical simulator were then subjected to a thorough microstructural 
and mechanical characterization. 
2.4. Microstructural characterization 
Scanning electron microscopy (SEM) and electron backscatter 
diffraction (EBSD) analyses were carried out for a thorough micro-
structural characterization of the heat treated samples. Specimens were 
ground and polished to a mirror-like surface applying standard metal-
lographic techniques with final polishing using OP-U (colloidal silica). 
For SEM characterization, polished specimens were etched with 2 vol% 
nital solution for ~10 s. The EBSD studies were performed using a FEI 
Quanta™ Helios NanoLab 600i equipped with a NordlysNano detector 
controlled by the AZtec Oxford Instruments Nanoanalysis (version 2.4) 
software. The data were acquired at an accelerating voltage of 18 kV, a 
working distance of 8 mm, a tilt angle of 70�, and a step size of 65 nm in 
a hexagonal scan grid. The orientation data were post-processed using 
HKL Post-processing Oxford Instruments Nanotechnology (version 
5.1©) software and TSL Data analysis version 7.3 software. Grains were 
defined as a minimum of 4 pixels with a misorientation � 5�. Grain 
boundaries having a misorientation �15� were defined as high-angle 
grain boundaries (HAGBs), whereas low-angle grain boundaries 
(LAGBs) had a misorientation < 15�. The volume fractions of trans-
formed/untransformed grains and recrystallized/recovered ferritic 
grains were determined by a two-step partitioning procedure described 
in Refs. [17,26]. In this procedure, grains with high (>70�) and low 
(�70�) grain average image qualities are separated in a first step, 
allowing to distinguish between untransformed (ferrite) and trans-
formed (martensite) fractions, respectively. In the second step, recrys-
tallized and non-recrystallized ferritic grains are separated using the 
grain orientation spread (GOS) criterion: Grains with GOS below 1� are 
defined as the recrystallized grains, while grains with GOS above 1� are 
defined as the non-recrystallized ones [27]. Microstructure was 
observed on the plane perpendicular to the sample transverse direction 
(the RD–ND plane). 
2.5. Mechanical characterization 
HysitronTI950 Triboindenter equipped with a Berkovich tip was 
employed for nanoindentation testing. First, square areas having a size 
of ~10 � 10 μm2 were analyzed by EBSD, and individual microstruc-
tural constituents were determined. At least ten areas were tested for 
each material’s condition. In order to target specific phases/grains, these 
square areas were scanned, using the scanning probe microscopy (SPM) 
mode of the instrument prior to the nanoindentation. In SPM mode, the 
nanoindenter tip scans the sample surface while in contact with it, using 
a force of 2 μN, providing the surface topography of the sample. 
Nanoindentation tests were carried out in displacement control mode at 
a constant strain rate ( _ε¼ _h/h) of 0.07 s  1, where h is the penetration 
depth and _h the penetration rate of the indenter. At least 20 indents were 
performed on each phase at an imposed maximum depth of 150 nm. The 
nanohardness was determined from the analysis of the load–displace-
ment curves using the Oliver and Pharr method [28]. 
Vickers hardness tests of all heat treated samples were carried out 
using Shimadzu HMV hardness tester according to the ASTM E92 – 17 
Standard. The RD–ND plane of samples was ground and polished using 
1 μm diamond paste at the final stage. A load of 4.9 N was applied for 15 
s. 
A Kammrath&Weiss module was used for tensile testing of dog bone 
sub-size samples at room temperature at a constant cross head speed 
corresponding to an initial strain rate of 10  3 s  1. These samples had a 
gauge length of 4 mm, a gauge width of 1 mm and a thickness of 0.9 mm. 
They were machined from the homogeneously heat treated zone of the 
heat treated strips, so their tensile axis was parallel to the RD. All 
samples were carefully ground and mechanically polished using OP-U 
(colloidal silica) at the final stage. At least three specimens were 
tested for each condition, and the results were found to be reproducible. 
3. Results 
3.1. Microstructural characterization 
3.1.1. Dilatometry 
Fig. 2 represents the evolution of austenite fraction during 
isothermal holding at different intercritical temperatures. It is seen that 
the higher the peak temperature, the higher the initial austenite fraction, 
as the material is closer to the AC3 temperature. For instance, at 860 �C 
the austenite volume fraction is 19%, and increases to 47% with 
increasing peak temperature to 900 �C. It is also seen that the peak 
temperature strongly affects the kinetics of austenite formation and 
growth. Austenite rapidly grows at the early stages of annealing at 900 
�C compared to annealing at lower peak temperatures of 860 �C and 880 
�C, which present a similar behavior. Soaking at 900 �C for 600 s is 
sufficient for full austenitization, which is reached after 522 s. At 880 �C, 
the austenite fraction achieved at the end of the intercritical holding is 
99%, whereas at 860 �C is 94%. Nevertheless, taking into account the 
positive slope of the curve, it is clear that the material will reach the 
complete austenitization after soaking for longer time. 
3.1.2. SEM analysis 
SEM analysis of the Gleeble processed samples was performed to 
qualitatively characterize the influence of both peak temperature and 
short soaking times on the microstructure. Fig. 3 displays the micro-
structure variation at the different peak temperatures studied for hold-
ing times of 0.2 s (Fig. 3a–c) and 1.5 s (Fig. 3d–f). The resultant 
microstructure is heterogeneous after all heat treatments being mainly 
Fig. 2. a) Dilatation-time curves for material heated to 1100 �C at 200 �C/s 
with soaking for 600 s at different temperatures (860 �C, 880 �C and 900 �C); b) 
Effect of the peak temperature on the austenite volume fraction during 
isothermal holding. 
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formed by ferritic matrix and martensite (marked by a white dashed 
arrow in Fig. 3b). In turn, the matrix is formed by recrystallized (Rx) and 
non-recrystallized (non-Rx) ferrite, as it is demonstrated in Section 
3.1.3. A qualitative analysis shows that, independently on the heat 
treatment parameters, all the conditions present a ferritic matrix con-
sisting of coarse and fine grains due to combination of different pro-
cesses, which take place during UFH (recovery, incomplete 
recrystallization and grain growth at early stages). Images on Fig. 3a–f 
demonstrate that the increasing peak temperature leads to grain growth 
for both microstructural constituents (ferrite and martensite) even after 
a holding time of 0.2 s. Moreover, it is possible to observe that the 
martensite fraction substantially grows with increasing soaking time 
independently of the peak temperature and also with the peak temper-
ature for a specific soaking time. As described in Section 3.1.1, 
increasing peak temperature and soaking time lead to a higher fraction 
of intercritical austenite, which is transformed into martensite upon 
quenching. The higher the intercritical austenite fraction, the lower its 
carbon content due to the C redistribution in its interior. A small amount 
of retained austenite grains was also identified by EBSD analysis in all 
conditions (see Section 3.1.3). In addition, very small amount of 
spheroidized cementite was observed in the microstructure, which re-
mains in the material from the initial cold rolled state (marked by red 
arrows on Fig. 3 d). Its presence is related to the short time given for its 
dissolution, hence, it is more commonly observed in the samples 
annealed for the shorter soaking time of 0.2 s. 
3.1.3. EBSD analysis 
EBSD analysis was performed in order to identify and quantitatively 
characterize the different phases present in the microstructure of the 
heat treated samples. Fig. 4a illustrates a typical EBSD phase map 
measured on the UFH860-0.2s sample. Fine retained austenite grains (in 
white color) and martensite grains (in black color) are embedded into 
the ferrite matrix composed of recrystallized (Rx) ferrite (in orange 
color) and non-recrystallized (non-Rx) ferrite (in blue color). LAGBs are 
seen mainly in the interior of the non-Rx ferrite grains, whereas majority 
of the Rx ferrite grains are free of LAGBs. The morphology of the 
microstructure and the individual microconstituents are very similar in 
all studied conditions, whereas size and volume fraction of individual 
microconstituents depend on the heat treatment parameters. The results 
of the quantitative analysis are summarized in Table 1. 
Analysis of the effect of soaking time for each temperature shows 
that at 860 �C, the martensite fraction increases from 6.9% after 0.2 s to 
12.6% after 1.5 s. When temperature raises up to 880 �C, the volume 
fraction of martensite formed after 0.2 s is 11.6%, which increases to 
20.2% after 1.5 s. Finally, the 900 �C treatment leads to the highest 
increment in martensite fraction during soaking, from 16.3% after 0.2 s 
Fig. 3. SEM photos illustrating the influence of peak temperature (860, 880 and 900 �C) and soaking time (0.2 and 1.5 s) on the microstructure: a), b) and c) are for 
0.2 s at 860, 880 and 900 �C, respectively; d) & g), e) and f) are for 1.5 s at 860, 880 and 900 �C, respectively. SC: spheroidized cementite; M: martensite; F: ferrite; 
RA: retained austenite. 
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to 27.8% after 1.5 s. For the shortest soaking time, the martensite vol-
ume fraction increases by the same amount (~4.7%) when peak tem-
perature is increased from 860 �C to 880 �C and then from 880 �C to 900 
�C. Similar dependence can also be noted after soaking for 1.5 s. The 
ferrite volume fraction presents a reverse trend, as both phases are 
formed in the intercritical temperature range. The portion of RA is minor 
in all heat treated conditions, being between 1.2 and 2.5%. 
The morphology of the ferritic matrix is greatly affected by both 
parameters, temperature and soaking time. While at 860 �C for 0.2 s the 
matrix is to larger extent formed by non-Rx ferrite (~52%), whereas Rx 
ferrite prevails in the matrix after 1.5 s, reducing the volume fraction of 
the non-Rx grains to ~ 38% (Fig. 5). With increasing holding time at 
880 �C, the non-Rx fraction is reduced to a lesser extent from 33% to 
27%. Finally, soaking at 900 �C significantly reduces the volume fraction 
of non-Rx ferrite: average volume fraction values are in the range of 
17–20% and are not affected by soaking time. Therefore, the most 
pronounced effect of soaking time in the studied temperature-time range 
occurs at the lower peak temperatures of 860–880 �C, as seen from 
Fig. 5. 
The effect of the holding time (0.2 and 1.5 s) on the Rx and non-Rx 
ferrite grain size is shown in Fig. 6. The effect of peak temperature after 
soaking for 0.2 s is shown in Fig. 6a. First, the fraction of grains having 
size below 1 μm tends to decrease with increasing peak temperature. 
Second, after UFH to 860 �C, the majority of grains have a size between 1 
and 2 μm, although it tends to shift to higher values with peak tem-
perature and reaching the range of 2–3 μm at 900 �C. Third, there are 
some grains having a size above 6 μm even after heating to the lowest 
peak temperature of 860 �C and their area fraction increases with peak 
temperature. The first two observations are even more pronounced 
when the holding time increases to 1.5 s (Fig. 6b). It is shown that at 860 
�C, the fraction of grains below 1 μm has increased with respect to the 
0.2 s counterpart, and it is considerably reduced at higher peak tem-
peratures (880 �C and 900 �C). Moreover, the main fraction of grains 
presents a larger size when temperature is raised, although the fraction 
of grains larger than 6 μm has decreased for all temperatures at 1.5 s 
compared to the 0.2 s condition. On the other hand, the average grain 
size for the non-Rx ferrite at 0.2 s is higher compared to the Rx ferrite at 
all studied temperatures (Fig. 6c), as the grains retained the initial cold 
rolled microstructure. In addition, the distribution is narrower 
compared to the Rx grains, as there are almost no grains below 1 μm. At 
the lowest temperature the distribution seems to be wider than at higher 
temperatures (880 and 900 �C), although this is better seen after 1.5 s 
(Fig. 6d). Coarse grains (>6 μm) are prone to disappear with 
temperature. 
Fig. 7 represents the area fraction for martensite grains plotted 
versus the equivalent circle diameter (ECD) after soaking for 0.2 s and 
1.5 s at the studied peak temperatures. For 860 and 880 �C after 0.2 s 
(Fig. 7 a), the vast majority of martensite grains present an ultrafine size 
(below 1 μm). Contrary to the result seen in ferrite, the area fraction of 
grains <0.5 μm increases when temperature is raised up to 880 �C. 
However, when temperature further increases to 900 �C, the curve is 
shifted to the larger grain size values, with the peak above 1 μm and 
showing a wider size distribution than at 860 or 880 �C. Similar to 
ferrite, the effects are more pronounced with increasing soaking time to 
Fig. 4. a) Representative EBSD phase maps for the UFH860-0.2s sample. Rx 
ferrite is shown in orange; non-Rx ferrite in blue; martensite in black and 
austenite is shown in white. HAGBs are represented in black and LAGBs in 
white. b) Histogram of grain orientation spread distribution in the ferrite matrix 
for the EBSD phase map presented in (a). Rx ferrite grains have GOS<1o (or-
ange bars), whereas non-Rx ferrite grains have GOS>1o (blue bars), as 
described in Section 2.4. (For interpretation of the references to color in this 
figure legend, the reader is referred to the Web version of this article.) 
Table 1 
Data on the volume fraction of microstructural constituents as a function of heat 




860 880 900 
Soaking time (s) 0.2 1.5 0.2 1.5 0.2 1.5 






























































Fig. 5. Volume fraction of non-Rx ferrite obtained from EBSD analysis for 
different temperatures (860, 880 and 900 �C) and soaking times (0.2 and 1.5 s). 
In red for 0.2 s and in blue for 1.5 s. (For interpretation of the references to 
color in this figure legend, the reader is referred to the Web version of 
this article.) 
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1.5 s. At 860 �C the austenite formed at intercritical temperatures grows, 
while at 880 �C the fraction of grains below 1 μm increases resulting in a 
wider size distribution. Finally, at 900 �C the increased intercritical 
austenite grain size shows a wider distribution than the 880 �C and 860 
�C. 
3.2. Mechanical characterization 
3.2.1. Properties of the individual microconstituents 
Nanoindentation tests were performed on selected grains to inves-
tigate the influence of maximum temperature and soaking time on the 
mechanical response of the microstructural constituents. Fig. 8a shows 
an EBSD map where dark areas correspond to martensite and white 
areas to ferrite, which were later identified by SPM imaging prior 
nanoindentation testing (Fig. 8b). An SPM image of the area with the 
nanoindentation imprints was also recorded immediately after the test 
as observed in Fig. 8c. Finally, the microstructure was etched with nital 
2 vol % to take SEM images (as shown in Fig. 8d) that corroborate the 
differentiation made by EBSD. Typical load – depth curves for the main 
two microstructural constituents are shown in Fig. 8e, where the red and 
blue curves correspond to martensite and Rx ferrite, respectively. 
Continuous load-depth curves were obtained from nanoindentation 
on martensitic grains, while majority of the ferritic grains exhibited pop- 
in events, particularly the softer Rx-ferrite grains. They are caused by 
sudden penetration bursts during the loading process. This effect has 
been related to the transition from an elastic to an elasto-plastic contact. 
The probability of pop-in events and the pop-in load increase as the 
dislocation density decreases, as discussed in our previous work [14]. 
The measured nanohardness values for the main microstructural 
constituents: Rx ferrite, non-Rx ferrite and martensite are summarized in 
Table 2 as a function of peak temperature and soaking time. It is clearly 
seen that neither the soaking time nor the temperature affects the 
nanohardness of Rx ferrite, which has average values within the range of 
2.5–2.6 GPa. Nevertheless, there is a significant difference between Rx 
and non-Rx ferrite, as the latter presents significantly higher nano-
hardness values (3.1–3.2 GPa), being also similar for all studied condi-
tions. The martensite phase exhibits the highest nanohardness for all 
conditions, with the average values showing greater variation for each 
condition. For instance, after heating to 860 �C and soaking for 0.2 s, the 
martensite average nanohardness value is 7.6 GPa, which reduces 
slightly to 7.4 GPa, when soaking increases to 1.5 s, but still within 
measured standard deviation. The softening effect with soaking time is 
Figure 6. a) & b) representation of the area fraction for recrystallized (RX) ferrite grain size versus the equivalent circle diameter (ECD) after 0.2 and 1.5 s holding 
time respectively for the different temperatures studied; c) & d) non-recrystallized (non-RX) ferrite grain size after 0.2 and 1.5 s holding time, respectively. Data are 
obtained from the EBSD measurements. 
Fig. 7. Martensite area fraction vs ECD after soaking for 0.2 s (a) and 1.5 s (b) at the peak temperatures of 860 �C, 880 �C and 900 �C.  
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much more evident at higher peak temperatures: at 880 �C, the nano-
hardness drops by 10.3%, varying from 6.8 GPa (after 0.2 s) to 6.1 GPa 
(after 1.5 s), while at 900 �C, the drop is 16.7%, as nanohardness varies 
from 6.6 GPa to 5.5 GPa for holding times of 0.2 and 1.5 s. Taking into 
consideration only the raise in temperature from 860 to 900 �C, the 
average nanohardness drops by 13.1% at 0.2 s (from 7.6 GPa to 6.6 
GPa), while a more pronounced drop of 25.7% was observed at 1.5 s 
(from 7.4 GPa to 5.5 GPa). 
3.2.2. Macro-mechanical characterization 
The effect of peak temperature and short soaking times on the macro- 
mechanical behavior of the AHSS was studied through hardness testing. 
The results are presented in Table 3. It is seen that an increment on the 
peak temperature produces a rise in the hardness values independently 
of the given soaking time. For 0.2 s, the increase in hardness between 
860 �C and 880 �C is insignificant, going from 252 to 255 HV0.5 
respectively, while at 900 �C, the hardness increases to 264 HV0.5. The 
increase in hardness with peak temperature is much more evident for a 
soaking time of 1.5 s, being 245 HV0.5 at 860 �C, and increasing to 272 
Fig. 8. a) Band slope EBSD map with 
marked grains where the nanoindentation 
tests were performed; b) SPM map of the 
same area without indentation imprints; c) 
SPM map of the area after indentation; d) 
SEM image of the area after testing, etched 
with nital 2 vol%; e) Typical indentation load 
– penetration depth curves from nano-
indentation measurements on martensitic 
grain (in red color) and ferritic grain (in blue 
color). (For interpretation of the references 
to color in this figure legend, the reader is 
referred to the Web version of this article.)   
M.A. Valdes-Tabernero et al.                                                                                                                                                                                                                 
Materials Science & Engineering A 776 (2020) 138999
8
and 293 HV0.5 at 880 and 900 �C, respectively. 
Additionally, tensile testing was carried out for all conditions using 
miniaturized dog bone samples. Fig. 9 illustrates the typical engineering 
stress - engineering strain curves. Data on the mechanical properties 
determined from the curves (0.2% proof strength σ0.2, ultimate tensile 
strength σUTS, uniform elongation εu and elongation to failure εf) are 
given in Table 4. One can see that at 860 �C, the yield strength slightly 
varies with soaking time being 444 MPa and 441 MPa for 0.2 and 1.5 s, 
respectively. However, for higher peak temperatures and holding times, 
the yield point is enhanced. For instance, at 880 �C, the σ0.2 -values 
increase by more than 20 MPa to 468 and 473 MPa for 0.2 and 1.5 s, 
respectively. For the maximum peak temperature analyzed (900 �C), the 
yield strength for both soaking times shows the maximum values, being 
479 MPa after 0.2 s and 493 MPa in the 1.5 s UFH treatment. Ultimate 
tensile strength values show a similar tendency than the yield point. 
While at 860 �C, the σUTS is independent of the soaking time, with a 
value of ~925 MPa, higher peak temperatures and soaking times 
enhanced the strength of the material. For example, at 880 �C and after 
0.2 s, the material presents a σUTS of 933 MPa which increases up to 959 
MPa at 900 �C. The increment in strength is more pronounced after 
longer soaking times, being 1017 and 1053 MPa for 880 �C and 900 �C 
respectively. Nevertheless, the uniform elongation shows the opposite 
trend, being reduced from 24% to 15% when the temperature is 
increased from 860 to 900 �C after 0.2 s. This reduction in elongation 
with temperature is less significant after 1.5 s, decreasing from 18% at 
860 �C to 15% at 900 �C. 
4. Discussion 
4.1. Influence of maximum temperature on the microstructure – 
properties relationship in the UFH steel 
Dilatometry tests (Fig. 2) demonstrate that the higher the peak 
temperature, the higher the initial volume fraction of austenite, as it was 
reported elsewhere [29,30]. These results are in a good agreement with 
the outcomes of the EBSD analysis (Table 1), where the austenite/-
martensite fraction increases with temperature for the same soaking 
time. The variations between the initial austenite fraction measured for 
the studied temperatures through dilatometry and EBSD can be ratio-
nalized by the difference in the applied heating rate. While during 
dilatometry the maximum heating rate employed was 200 �C/s, the 
samples analyzed by EBSD were processed at 800 �C/s. It is known that 
high heating rates shift transformations temperatures (AC1 and AC3) to 
higher values [31,32]. Therefore, less amount of austenite is formed for 
the same peak temperature, when higher heating rates are applied. 
Moreover, heating at 800 �C/s implies that the entire thermal treatment 
is faster than heating at 200 �C/s, giving less time for the austenite 
nucleation process to be accomplished, resulting in the lower initial 
fraction of austenite observed in the samples heated at 800 �C/s. 
Furthermore, both characterization techniques, dilatometry and EBSD, 
confirm that the increase in peak temperature favors the formation of 
austenite nuclei, as nucleation highly depends on temperature [15,33]. 
For instance, during the dilatometry test, intercricitical holding at 900 
�C results in a faster formation of austenite, and similar observations are 
made from the EBSD results analyzing the martensite grain size (Fig. 7). 
In the latter case, the fraction of grains having size below 0.5 μm in-
creases, when temperature is raised from 860 to 880 �C for the shortest 
soaking time (Fig. 7a). This means that the austenite nucleation is 
favored at 880 �C, whereas at 860 �C the already formed austenite tends 
to grow as the area fraction of grains above 1 μm is enlarged, being more 
evident after soaking for 1.5 s (Fig. 7b). Hence, it is possible to state that 
at 860 �C, the austenite growth is more significant than nucleation, 
Table 2 
Data on nanohardness (in GPa) of the individual microconstituents.  
Peak temperature 
(�C) 
860 880 900 










































Data on hardness of the heat treated strips.  
Peak temperature 
(�C) 
860 880 900 
Soaking time (s) 0.2 1.5 0.2 1.5 0.2 1.5 












Fig. 9. Typical engineering stress – engineering strain curves from tensile 
testing of specimens heated to different peak temperatures and soaked for: a) 
0.2 s; b) 1.5 s. 
Table 4 
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εu (%) 24 � 1 18 � 2 18 �
1 
16 � 2 15 � 1 15 � 1 
εf (%) 33 � 1 30 � 2 27 �
1 
24 � 1 23 � 1 23 � 3  
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whereas at 880 �C, this behavior is inversed. At 900 �C, both effects, 
nucleation and growth, are promoted, as the area fraction of grains 
below 0.5 μm and above 1 μm increase with respect to the 860 �C case, 
due to the high internal energy. The rapid grain growth during ultrafast 
heating to high peak temperatures has been reported by Massardier et al. 
[8]. In addition to the grain size, the peak temperature also affects the 
interior structure of the formed austenite, which transforms into 
martensite after quenching. While at 860 �C martensitic grains are 
chemically homogeneous, increasing the temperature and soaking time 
results in the appearance of non-homogeneous martensite regions, as it 
is shown in Fig. 3e and f and Fig. 6d which correspond to the 
UFH900-1.5s sample. Similar observations were reported by Castro et al. 
[17]. This effect can be rationalized based on the existence of carbon 
gradients in the grain interior, due to the high fraction of austenite 
formed, and the lack of time for carbon to diffuse through the grains 
[34]. 
Regarding the ferrite phase, it is possible to observe that UFH delays 
the recrystallization [7,11,14,15,17,35], leading to a matrix formed 
primarily by non-Rx ferrite, when the material is heated to 860 �C for 
0.2 s (Fig. 5). The fraction of non-Rx ferrite significantly decreases with 
time and peak temperature, although it is not affected by the soaking 
time at the maximum peak temperature of 900 �C and saturates at 
17–20%. The ferrite tends to transform into austenite at high tempera-
tures, thus the driving force for recrystallization is reduced. Moreover, 
non-Rx grain size decreases with time and temperature (Fig. 6c and d), 
favored by recrystallization and by the consumption of grains due to 
austenite formation [32]. Nevertheless, Rx ferritic grains show just the 
opposite behavior (Fig. 6) growing with temperature and time. In 
addition, for low temperatures (860 �C), ferrite tends to nucleate 
whereas, the temperature increment favors the ferrite grain growth, as 
the first nuclei formed rapidly grows [17]. This is related to the high 
stored energy from both, deformation induced via cold rolling and heat 
treatment. 
4.2. Influence of the peak temperature on the mechanical behavior of the 
individual microconstituents 
Different microstructural constituents formed during heat treatment 
show dissimilar response during nanoindentation testing. For instance, 
Rx ferrite presents a lower nanohardness compared to the non-Rx ferrite 
independently of the heating rate and soaking time (Table 2). The latter 
exhibits large orientation gradients, as reported in our previous work 
[36], mainly associated to the high geometrically necessary dislocations 
(GND) density and residual stresses [37,38]. Moreover, it should be 
noted that the austenite to martensite transformation during quenching 
generates a volume expansion, which needs to be accommodated by the 
surrounding ferrite, introducing new dislocations in both, Rx ferrite and 
non-Rx ferrite [39]. The increment of the dislocation density can affect 
the ferrite mechanical behavior, as reported in Ref. [40]. The nano-
hardness of any of the ferrite microstructural constituents is not altered 
by the processing parameters (Table 2). On the other hand, the nano-
mechanical response of the martensitic grains is greatly affected by the 
processing parameters. At the lowest peak temperature (860 �C) and 
shortest holding time (0.2 s), the martensite fraction is low (Table 1) due 
to the short time given to the austenite nuclei to form and grow. Thus, 
the carbon concentration within the austenite grains increases, due to 
the high fraction of ferrite [41]. As a consequence, the martensite grains 
formed at 860 �C are the hardest (Table 2) in comparison to those 
formed at higher peak temperatures, as the hardness strongly depends 
on the carbon content [20,42]. Hence, the martensite strength is reduced 
with both, peak temperature and soaking time, due to the carbon ho-
mogenization in the austenite grains formed during the heat treatment. 
Similar results on the effect of holding time in DP steels and peak tem-
perature during Quenching & Partitioning processing were reported by 
Mazaheri et al. [43] and Hidalgo et al. [44], respectively. The softening 
effect of increasing soaking times on the martensitic grains is more 
pronounced at higher peak temperatures due to the higher austenite 
fraction (Fig. 2) and the more intensive grain growth (Fig. 7). The latter 
also increases the diffusion distance of carbon [17] causing its redistri-
bution inside the grains, reflected in the lower standard deviations of the 
measured nanohardness (Table 2). 
4.3. Relation of the peak temperature with the macro-mechanical 
behavior of the material 
The slight decrease in average hardness observed at 860 �C when 
soaking time is increased from 0.2 s to 1.5 s (Table 3) is due to the higher 
fraction of Rx ferrite present at 1.5 s (Table 1), as Rx ferrite exhibits 
lower nanohardness compared to the non-Rx counterpart (Table 2). In 
addition, the presence of coarser grains at 1.5 s than at 0.2 s also leads to 
reduction in average hardness, obeying the Hall – Petch law [45]. 
However, raising the temperature to 880 or 900 �C for 0.2 s leads to 
higher hardness due to the increased fraction of martensite [46]. On the 
other hand, holding times of 1.5 s at 880 and 900 �C produce a notable 
increase in hardness compared to their 0.2 s counterparts, as a conse-
quence of the considerable reduction of the ferrite volume fraction 
(Table 1). Similar results are observed for both, the yielding point and 
the ultimate tensile strength during tensile testing. At 860 �C, when 
holding time is increased from 0.2 to 1.5 s, there is no variation of σ0.2 or 
σUTS (Table 4), although martensite fraction is increased with time 
(Table 1). This observation can be associated with the reduction of the 
non-recrystallized ferrite fraction, which presents a higher resistance to 
deformation compared to its recrystallized counterpart [47]. In addi-
tion, the grain size of ferrite also increases with soaking time resulting in 
a lower strength [45]. Nevertheless, the increment of temperature (880 
�C and 900 �C) for a fixed soaking time strengthens the material (yield 
and ultimate tensile strength), due to a significant increase in the 
martensite volume fraction [48]. Our observations are consistent with 
the previous work published elsewhere [49,50]. Nevertheless, the in-
creases in strength with both, temperature and soaking time, results in a 
significant loss in the ductility of the material. This is associated to the 
drop in the ferrite fraction, which is softer and more ductile than the 
martensite [51], which is also confirmed via nanoindentation (Table 2). 
In addition to the ductility, the strain hardening coefficient was 
analyzed for the different conditions, following the common power-law 
relationship in Eq. (1) [52]. 
σ ¼ kεn (1) 
The strain hardening rate (n) in Eq. (1) was obtained using the 





where σa and εa represent the true stress and true strain in the point a, 
respectively. 
Fig. 10 shows the variation of the strain hardening rate with true 
strain for 0.2 and 1.5 s samples. For both holding times, at 860 �C the 
material presents a higher strain hardening rate than its counterparts for 
any strain, decaying at a lower rate. This effect is associated with the 
higher fraction of non-Rx ferrite present in the microstructure, as 
compared to the ferrite formed at higher temperatures. In the non-Rx 
ferrite, the onset of plastic deformation requires higher stress 
(Table 2), due to its higher dislocation density. Therefore, when tem-
perature or soaking time are increased, the strain hardening decreases, 
as a consequence of the reduction in the non-Rx ferrite fraction. When 
the microstructure shows a high martensite volume fraction, the dif-
ference in strain hardening rate is reduced. Several authors have asso-
ciated this behavior to the martensite islands surrounded by ferrite. The 
volume expansion caused by the austenite to martensite transformation 
needs to be accommodated by the surrounding ferrite grains, resulting in 
strain hardening of the matrix [53,54]. 
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4.4. Potential microstructural and property gradients in the UFH 
processed sheets 
Analysis of the experimental results from the microstructural (Sec-
tion 3.1) and mechanical (Section 3.2) characterization shows, that the 
industrial processing window of 20 �C (i.e. �10 �C) should lead to some 
heterogeneity of the microstructure on the meso-scale (i.e. 0.1 … 1 mm). 
It will show up as some deviations in the size and local volume fraction 
of individual microstructural constituents (martensite, Rx ferrite and 
non-Rx ferrite), as well as the hardness of martensite. Nevertheless, such 
local heterogeneities of the microstructure should not degrade the 
overall mechanical behavior of the processed sheets on macro-scale. 
First, there are no significant differences in basic mechanical proper-
ties of the UFH processed steel within processing window of 20 �C 
(Table 4). Second, the UFH processed steel shows high strain hardening 
ability independently of the peak temperature (see Figs. 9 and 10). The 
latter should eliminate any minor negative effects from the micro-
structural heterogeneity in the UFH processed sheets appeared due to 
the deviation of the local peak temperature within �10 �C window. 
5. Conclusions 
We have studied the effect of the UFH parameters, peak temperature 
(860 �C, 880 �C and 900 �C) and soaking times (0.2 s–1.5), on the 
microstructure and mechanical response of a Fe-0.19C-1.61Mn-1.06Al- 
0.5Si steel at different scales. The main conclusions of our study include:  
(1) The increase in peak temperature promotes austenite formation. 
Independently of the peak temperature, mainly nucleation of 
small austenite grains with their limited growth occurs at the 
shortest soaking time (0.2 s), whereas both formation of nuclei 
and their growth proceed after soaking for longer time (1.5 s).  
(2) Morphology of the ferritic matrix is significantly altered by both 
peak temperature and soaking time. The lower peak temperature 
and shorter soaking time promote nucleation of the recrystallized 
ferritic grains, while the fraction of the non-recrystallized ferritic 
matrix undergoing recovery process remains high. With 
increasing both parameters, the average grain size of the recrys-
tallized ferritic grains and their volume fraction tend to increase. 
These processes are accompanied by decrease of the ferrite vol-
ume fraction due to the increasing volume fraction of the inter-
critical austenite (i.e. martensite after quenching).  
(3) Independently on the applied heat treatment parameters, the 
highest nanohardness is measured on martensitic grains followed 
by non-recrystallized ferrite and recrystallized ferrite. Peak 
temperature and soaking time strongly affect the nanohardness of 
the martensitic grains. The higher the temperature the larger the 
grains, reducing the carbon concentration therein. On the con-
trary, nanohardness of the ferritic microconstituents is affected 
neither by temperature nor soaking time. The non-recrystallized 
ferrite is harder than its recrystallized counterpart due to the 
higher dislocation density of the former.  
(4) At the peak temperature of 860 �C, the increase in soaking time 
within studied range does not produce an improvement in the 
mechanical properties despite higher martensite volume fraction, 
due to the decrease of the non-recrystallized ferrite fraction and 
the grain growth. Nevertheless, increasing peak temperatures to 
880 �C and 900 �C favors the strengthening of the material, as the 
effect of martensite becomes the dominant factor. However, the 
ductility is considerably reduced with both, temperature and 
soaking time, due the lower fraction of the ductile ferritic phase.  
(5) Analysis of the experimental results from the microstructural and 
mechanical characterization shows that the industrial processing 
window of 20 �C may lead to some heterogeneity in the micro-
structure of the UFH processed sheets. However, the latter should 
not have any negative effect on their overall mechanical behavior 
on the macro-scale. 
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The following main conclusions can be drawn from the outcomes of this PhD thesis: 
1- Ultrafast heating process applied to a low carbon steel (Fe-0-19C-1.61Mn-1.06Al-
0.5Si) leads to the formation of a complex, hierarchic microstructure, where 
martensite and retained austenite are embedded into ferritic matrix. In turn, the 
ferritic matrix consists of recrystallized and non-recrystallized ferritic grains. The 
volume fraction of retained austenite is very low (≤ 2.5 %) compared to that of other 
microstructural constituents. 
2- The processing parameters, such as heating rate, peak temperature and soaking time 
at peak temperature greatly affect the grain size, morphology, distribution and 
volume fraction of the different microconstituents (recrystallized and non-
recrystallized ferrite, martensite and retained austenite). The effect of soaking time 
on microstructure is more pronounced in the UFH samples in comparison with the 
samples heated at conventional heating rate. The increase in both the peak 
temperature and soaking time during UFH process promote austenite formation and 
growth, i.e. the increase in the volume fraction of martensite. The average grain size 
of the recrystallized ferritic grains and their volume fraction also tend to increase 
with both peak temperature and soaking time during UFH processing. 
3- The nanomechanical response of the ferritic matrix is governed by the internal 
structure of the microconstituents independently on the applied processing 
parameters. The non-recrystallized ferrite shows higher nanohardness than its 
recrystallized counterpart due to the higher dislocation density of the former. On the 
other hand, martensite response is highly influenced by the heat treatment 
parameters, which affect the size and fraction of martensite and, therefore, its final 
carbon content. 




4- The ultrafast heating rates enhance the tensile mechanical properties of the material 
compared to conventional ones without a significant reduction in ductility. The final 
mechanical properties are dictated by the microstructure: volume fraction and grain 
size of martensite, non-recrystallized ferrite and recrystallized ferrite. Increasing 
peak temperatures favours the strengthening of the material due to enhanced fraction 
of martensite. However, the ductility is considerably reduced with both temperature 
and soaking time due the lower fraction of the ductile ferritic phase. 
5- The application of the ultrafast heating rate and short soaking times (< 3 s) results in 
the best combination of strength and ductility. An industrial processing window of ± 
10 ºC may lead to some heterogeneity of the microstructure in the processed sheets 



























As a future work, the following studies can be proposed: 
 
• In order to fully understand and later on optimize the UFH processing, the effect 
of other processing parameters (such as the cooling rate) on microstructure and 
mechanical properties should be thoroughly investigated. Such studies are necessary for 
commercialization of UFH process. 
• As it has been observed in AHSS, the Mn content can significantly affect the grain 
size of the different microconstituents due to the strong solute drag effect observed. 
Therefore, varying content of the alloying elements, specially Mn, appears as another tool 
for intelligent microstructural design in steels via ultra-fast processing. 
• The vast majority of studies of the UFH process are focused on the microstructure 
and basic mechanical properties. However, AHSS are widely employed in the automotive 
industry, where components operate under cyclic loading. Therefore, it may be interesting 
to focus next studies on the relation between the microstructure formed and the fatigue 
behavior of the material. 
 No reports about formability/impact resistance, which simulates industrial 
production environment, are available in the current literature. Hence, deeper 
investigations of these properties would be beneficial for the development and 
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